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The demanding structural applications (e.g. aerospace, biomedical, etc.) require new 
materials with improved mechanical performance. The novel Ti-based dendrite + nano-
/ultrafine-structured (Ti-based DNUS) composites exhibit an advantageous combination 
of high compressive strength (2000 – 2500 MPa) and large compressive ductility     
(10 – 30 %) already in the as-cast state [1,2] and, therefore, can be referred as high-
performance materials. However, these Ti-based composites frequently exhibit very low 
or even lack of tensile ductility [3]. 
Therefore, the aim of this research work is to develop high strength Ti-based 
DNUS composites with pronounced tensile plasticity and to correlate the 
mechanical properties with their microstructure.  
In order to reach the goal, the high-strength Ti66Nb13Cu8Ni6.8Al6.2 (at.%) alloy 
exhibiting large compressive ductility [4] was selected for the modification. The 
microstructure of Ti66Nb13Cu8Ni6.8Al6.2 is composed of two metallographic constituents 
including β-Ti dendrites and an interdendritic component. The β-Ti dendrites are 
enriched in Nb and, therefore, Nb is referred as “dendritic element” whereas the 
interdendritic component is enriched in Ni and Cu and, therefore, these are referred as 
“interdendritic elements”.  
To perform a systematic study of the “interdendritic elements” (Ni, Cu and Co) effect 
on microstructure, a number of alloys with different concentration and types of alloying 
elements (Ti-Nb-Cu-Ni-Al, Ti-Nb-Co-Ni-Al, Ti-Nb-Cu-Co-Al and Ti-Nb-Ni(Co)-Al) were 
developed. It was shown that a higher concentration of the “interdendritic elements” in a 
composition within one alloy system corresponds to a higher volume fraction of the 
ii 
 
interdendritic component. Additionally, the crystal structure of the interdendritic phases 
is affected by type of the “interdendritic elements”. 
Since the most advanced applications (e.g. aerospace) require materials with high 
specific strengths, the new ductile Ti-Nb-Cu-Ni-Al alloys were modified to reduce their 
density, i.e. the Nb was substituted by lighter V. As a result, a new family of                 
Ti-V-Cu-Ni-Al alloys with improved specific strength compared to the Ti-Nb-Cu-Ni-Al 
alloys was developed. Additionally, moduli of resilience of the Ti-V-Ni-Cu-Al alloys are 
superior when compared with those of the commercial Ti-based spring materials.  
The effect of microstructure on deformation of the newly developed alloys was 
studied through the in-situ microstructural analysis of samples at different strained 
states by means of scanning electron microscopy. To reveal the effect of the 
metallographic constituents on strength, the microhardness mapping of the new alloys 
was performed. 
Using the obtained empirical principles of microstructure adjustment, a new 
Ti68.8Nb13.6Co6Cu5.1Al6.5 (at.%) alloy with a large static toughness (superior to those of 
the recently developed Ti-based metallic glass composites) was developed. This large 
static toughness is due to both high strength and significant tensile plasticity. To study 
the effect of microstructure on tensile plasticity of Ti68.8Nb13.6Co6Cu5.1Al6.5 the in-situ 
microstructural analysis of samples at different strained states in the scanning electron 





Der erhöhte Anspruch an strukturelle Anwendungen (z.B. Luftfahrt, Biomedizin, etc.) 
verlangt neue Werkstoffe mit verbesserten mechanischen Leistungsfähigkeiten. 
Neuartige Ti-basierte dendritische nano-/ultrafeine Komposite (Ti-basierte DNUS 
Komposite) besitzen eine vorteilhafte Kombination von hoher Druckfestigkeit mit großer 
plastischer Verformbarkeit unter Druckbelastung bereits im Gusszustand [1,2] wodurch 
sie als hochleistungsfähige Werkstoffe angesehen werden. Jedoch besitzen diese Ti-
basierte DNUS Komposite heufig eine stark verringerte oder gar keine Duktilität unter 
Zugbelastung [3]. 
Deswegen ist es das Ziel dieser Forschungsarbeit neue hochfeste Ti-basierte 
DNUS Komposite mit ausgeprägter Duktilität unter Zugbelastung zu entwickeln 
und die mechanischen Eingeschaften mit ihrer Mikrostruktur zu korrelieren. 
Um dieses Ziel zu erreichen wurde die hochfeste Legierung Ti66Nb13Cu8Ni6.8Al6.2 
(at.%) [4], die eine große plastische Verformbarkeit unter Druckbelastung aufweist, 
ausgewählt.  Die Mikrostruktur von Ti66Nb13Cu8Ni6.8Al6.2 setzt sich aus zwei 
metallographischen Konstituenten, einschließlich β-Ti Dendriten und einer 
interdendritischen Komponente, zusammen. Die β-Ti Dendriten sind mit Nb 
angereichert, weswegen Nb als “dendritisches Element” bezeichnet wird, wohingegen 
die interdendritische Komponente mit Ni und Cu angereichert ist und deswegen diese 
als “interdendritische Elemente” bezeichnet werden. 
Um den Einfluss der “interdendritischen Elemente” (Ni, Cu and Co) auf die 
Mikrostruktur zu untersuchen wurden Legierungen mit verschiedenen Konzentrationen 
unterschiedlicher Legierungselemente (Ti-Nb-Cu-Ni-Al, Ti-Nb-Co-Ni-Al, Ti-Nb-Cu-Co-Al 
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and Ti-Nb-Ni(Co)-Al) entwickelt. Es wurde gezeigt, dass eine höhere Konzentration 
“interdendritischer Elemente” in einer bestimmten Zusammensetzung einem höheren 
Volumanteil der interdendritischen Komponente entspricht. Zusätzlich wird die 
Kristallstruktur der interdendritischen Phase sehr stark durch die “interdendritischen 
Elemente” beeinflusst. Da die meisten hoch entwickelten Anwendungen (z.B. Luftfahrt) 
gesteigerte spezifische Festigkeiten erforden, wurden die neuen duktilen Ti-Nb-Cu-Ni-Al  
Legierungen modifiziert um ihre Dichte zu reduzieren, indem Nb durch das leichtere V 
ersetzt wurde. Als Ergebniss wurde eine neue Familie von Ti-V-Cu-Ni-Al Legierungen, 
mit im Vergleich zu Ti-Nb-Cu-Ni-Al Legierungen verbesserten spezifischen Festigkeiten, 
entwickelt. Zusäzlich ist die elastische Formänderungsenergiedichte der neu 
entwickelten Legierungen höher verglichen mit kommerziellen Ti-basierten 
Federmaterialien. 
Der Effekt der Mikrostruktur auf das Verformungsverhalten der Legierungen wurde 
mittels in-situ mikrostruktureller Analysen verschiedener Verformungszustände im 
Rasterelektronenmikroskop untersucht. Um ein Einfluss der metallographischen 
Konstituenten auf die Festigkeit zu bestimmen wurden Mikrohärtekarten erstellt. 
Unter Verwendung der erhalten empirischen Prinzipen zur Einstellung der 
Mikrostruktur wurde eine neue Legierung Ti68.8Nb13.6Co6Cu5.1Al6.5 (at.%) mit hoher 
statischer Zähigkeit (besser als die der kürzlich entwickelten Ti-basierten gläsernen 
metallischen Kompositlegierungen) entwickelt. Diese hohe statische Zähigkeit wird 
sowohl durch die hohe Festigkeit als auch durch die ausgeprägte Plastizität unter 
Zugbelastung verursacht. Um den Einfluss der Mikrostruktur auf die Plastizität unter 
Zug zu untersuchen wurde Transmissionelektronmikroskopie sowie in-situ 
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mikrostrukturelle Analysen verschiedener Verformungszustände im 
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A new class of the as-cast bimodal Ti-based dendrite + nano-/ultrafine structured        
(Ti-based DNUS) composites has been invented by He et al. in 2003 [1,5,6]. These 
consist of micrometer-sized β-Ti dendrites surrounded by a nano-/ultrafine-grained 
eutectic. Due to such a bi-modal microstructure the alloys exhibit an attractive 
combination of mechanical properties already in the as-cast state, i.e. high strength 
(2000 – 2500 MPa) and large compressive deformability (10 – 30 %) [2]. Additionally, 
some of the composites exhibit relatively low Young’s modulus (e.g. 59 GPa for 
Ti60Cu14Ni12Sn4Nb10 [7]). The latter together with high strength is beneficial for spring 
and biomedical applications [5,7,8]. The attractive and unique mechanical properties of 
the Ti-based DNUS alloys stimulated the strong interest for their development. 
Therefore, a large number of the Ti-based DNUS composites from different systems 
were designed: Ti-Cu-Ni-Sn [1], Ti-Nb-Cu-Ni-Sn [1,2,5,9], Ti-Mo-Cu-Ni-Sn [5],             
Ti-Ta-Cu-Ni-Sn [1,5,6,10,11], Ti-Nb-Cu-Fe-Sn [12,13], Ti-Nb-Cu-Co-Sn [14],                
Ti-Nb-Cu-Cr-Sn [14], Ti-Nb-Cu-Ni-Al [4,15], Ti-Nb-Cu-Ni-Al-B [16], Ti-Fe-Co [17] and  
Ti-Fe-Sn [18]. 
The mechanical properties as well as the deformation micromechanism of the        
Ti-based DNUS alloys were mostly studied under compressive loading. It was found 
that the tough and ductile β-Ti phase contributes to a higher plasticity while 
the nano/ultrafine-structured matrix effectively strengthen the alloys [1,19–21]. The 
detailed microstructural investigation of the deformed composites revealed that the 
deformation occurs partially through the dislocation movement in the dendrites, and 
partially through the shear-banding mechanism in the nano-/ultrafine-structured matrix 
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[1]. The dendrites act as obstacles restricting the excessive deformation by isolating the 
highly localized shear bands in small, discrete interdendritic regions, and contribute to 
the overall plasticity of the alloys [1].  
The high attention to the compressive deformation micromechanism of the Ti-based 
DNUS composites was due to their negligibly low tensile plasticity [20]. The latter leads 
to a significant decrease of tensile fracture strength compared to a compressive one in 
these alloys [3]. The lowering of tensile fracture strength was assumed to be due to a 
large decrease in a cleavage strength caused by casting defects as well as an 
inhomogeneous microstructure [3]. However, there are no experimental studies 
revealing the tensile deformation micromechanism of the Ti-based DNUS composites. 
Moreover, only a few reported Ti-based DNUS alloys exhibit a detectable tensile 
plasticity [20].  
Therefore, the aim of this research work is to develop high strength Ti-based 
DNUS composites with pronounced tensile plasticity and to correlate the 
mechanical properties with their microstructure. 
This dissertation work begins with a short background accompanied with references 
to give an overview of the considered materials and phenomena. Then the samples 
preparation and analysis methods are carefully described to allow a repetition of 
experiments if required. The “Results and discussion” chapter consists of five parts. The 
first part is dedicated to the effect of the “interdendritic elements” (Cu and Ni) 
concentration on microstructure and mechanical properties of the Ti-Nb-Cu-Ni-Al alloys. 
The approach for tensile ductility improvement in the Ti-based DNUS alloys is stressed. 
The second part reports about the new Ti-V-Cu-Ni-Al alloys with significantly improved 
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specific strength values when compared to the Ti-Nb-Cu-Ni-Al parent alloys. This part 
reveals the effect of “dendritic elements” (V and Nb) on microstructure and mechanical 
properties of the composite-structured alloys. The third part deals with the 
tensile/compressive fracture strength asymmetry in the Ti-Nb-Co-Ni-Al composites. The 
receipt for tensile plasticity improvement is deduced based on a deformation and 
fracture analysis of the Ti-Nb-Co-Ni-Al alloys. The forth part reports about the effect of 
the “interdendritic elements” (Co and Ni) substitution on microstructure and mechanical 
properties of the Ti-Nb-Co(Ni)-Al alloys. The effect of type and distribution of the 
interdendritic phases on mechanical behavior is stressed. The fifth part is dedicated to a 
detailed microstructural and mechanical characterization of a new high strength Ti-
based DNUS alloy (Ti68.8Nb13.6Co6Cu5.1Al6.5) with a significant tensile plasticity. The 
main results are summarized in the “Conclusion” chapter, which is followed by 




The results presented in this dissertation work deals with a design of new Ti-based 
DNUS (DNUS – dendrites + nano-/ultrafine structures) alloys, investigation of their 
mechanical behavior, revealing their deformation and fracture micromechanisms as well 
as searching for potential applications. Therefore, the “Fundamentals” chapter begins 
with the short review on titanium and its alloys as well as their applications. Then the 
general aspects of fracture of coarse-grained polycrystalline metals followed by some 
aspects of fracture of nanocrystalline and bi-modal metals are discussed. Finally, the 
review on the Ti-based DNUS alloys covering the alloy design strategy, the effect of 
composition on microstructure, the effect of microstructure on mechanical properties, 
the deformation micromechanism and the application perspectives is given. 
 
2.1. Titanium and its alloys 
 
Titanium is a polymorphic metal and has a transus temperature of 882 ± 2°C. Below 
this temperature, pure titanium crystallizes in a hexagonal close packed structure (hcp) 
and is referred to as α-titanium (Fig. 2.1); above it, until melting point, the body-centered 
cubic (bcc) structure is stable and is referred to as β-titanium (Fig. 2.1). The lattice 
parameters of α-titanium and β-titanium are as follows: a = 0.29504 nm, c = 0.4683 nm; 
at 25°C (as obtained by extrapolation) a = 0.3282 nm [22]. The polymorphism of 
titanium is of high importance since two different crystal structures and the 
corresponding allotropic transformation temperature are the basis for the wide variety of 




Figure 2.1 Crystal structure of hcp α and bcc β phase [8]. 
 
The pure titanium itself is characterized by low strength (σy = 250 – 450 MPa) and 
high ductility (ε = 50 – 60 %). But due to relatively low density (ρ = 4,5 g/cm3) titanium 
and its alloys exhibit high specific strength. The strength can be significantly increased 
by alloying [23]. Depending on the effect of the alloying elements on the transus 
temperature they are divided in three groups, i.e. neutral, α-stabilizers, or β-stabilizers 
(Fig. 2.2). According to the phase structure titanium alloys are classified into five 
groups, i.e. α alloys, α + β alloys, metastable β alloys, and β alloys. The detailed 
characterization of Ti-based alloys belonging to the different groups can be found in 
[8,22–24]. 
 
Figure 2.2 Influence of alloying elements on phase diagrams of Ti alloys 
(schematically) [8].  
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2.2. Application of Ti-based alloys 
Titanium and its alloys were specially developed for aerospace applications and the 
main drivers for that are: weight reduction, corrosion resistance, application 
temperature, galvanic compatibility with polymer matrix composites and space limitation 
[8]. Due to the outstanding properties of titanium, it spreads from aerospace to other 
applications in chemical industry, medical engineering, energy and transportation 
technology, as well as architecture, sports and leisure. More detailed information can be 
found elsewhere [8,22,23,25]. 
The two particular applications of titanium alloys, i.e. spring and biomedical, are of 
high interest because they are potentially favorable for the newly developed composite 
structure Ti-based alloys [5,7,26] which are dealt in this work. Titanium alloys exhibit 
relatively high modulus of resilience (the ability to absorb energy upon elastic 
deformation) and, therefore, are well suited as spring materials. Although Ti-based 
alloys are expensive, the significant weight savings and excellent corrosion resistance 
keep them in competition with cheap steels. As an evidence of their effectiveness the 
Volkswagen group has already introduced titanium springs as mass product into a 
series production vehicle [8]. 
To be applied as a biomaterial the material has to fulfill a number of requirements 
such as corrosion resistance, biocompatibility, osseointegration, processability, costs 
and favorable mechanical properties, etc. [8,25,27]. In particular, low Young’s modulus 
and high strength are of high importance [28–32]; and the tensile strength-to-Young’s 
modulus ratio (bioperformance [28,29]) is used as a parameter for evaluating the 
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mechanical performance of biomaterials. Having high bioperformance titanium        




2.3. Deformation and fracture of polycrystalline metals 
2.3.1. Ductile and brittle fracture of coarse-grained metals 
Tensile ductility of metals is mainly determined by competition processes between 
plastic deformation and fracture. The latter involves nucleation, growth and coalescence 
of voids or cracks, resulting in separation of a sample into several pieces under the 
applied load. According to speed of these processes, fracture is customary divided into 
two types, i.e. ductile, exhibiting essential plastic deformation prior separation, and 
brittle one, occurring without noticeable plastic deformation. If fracture occurs through a 
relatively slow processes of nucleation, growth and coalescence of voids or cracks then 
it is ductile one. The process of ductile fracture is illustrated in Fig. 2.3.  
 
Figure 2.3 Stages in the cup-and-cone fracture: (a) initial necking, (b) small cavity 
formation, (c) coalescence of cavities to form a crack, (d) crack propagation, (e) final 
shear fracture at an angle relative to the tensile direction [33].  
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In this case a crack responsible for separation is referred as stable one. In contrary, 
brittle fracture is characterized by dramatically fast nucleation and rapid propagation of 
cracks, which are referred as unstable (crack propagate catastrophically without 
increase of the applied stress). Two modes of brittle fracture can be distinguished, i.e. 
transgranular and intergranular. If cracks propagate along grain boundaries, then the 
fracture is intergranular (Fig. 2.4 a). If the cracks propagate though grains, usually, 
along specific crystallographic planes then the fracture is transgranular (Fig. 2.4 b). 
 
Figure 2.4 (a) Schematic cross-section profile showing crack propagation through the 
interior of grains for transgranular fracture and (b) schematic cross-section profile 
showing crack propagation through the interior of grains for transgranular fracture [33]. 
 
Ductile fracture is preferred over brittle one for several reasons. The stable crack 
propagation in presence of plastic deformation allows implementing of necessary 
preventive measures. Moreover, the amount of deformation energy required to induce 
ductile fracture is much higher compared to brittle one. 
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2.3.2. Fracture of nano-/ultrafine-grained metals 
High strength nano-grained (NG) and ultrafine-grained (UFG) metals [34–36] are 
attractive structural materials, but typically low ductility at room temperature limits their 
application. However, both types of fracture, i.e. brittle (Fig. 2.5 a) and ductile 
(Fig. 2.5 b), are observed in nano-grained (NG) and ultrafine-grained (UFG) metals [37].  
 
 
Figure 2.5 (a) Brittle fracture in nanocrystalline specimen occurs through fast nucleation 
of cracks, their convergence and/or growth along grain boundaries. (b) Ductile fracture 
occurs through a relatively slow nucleation, growth and coalescence of voids. Neck 
formation, after extended homogeneous deformation, may accompany growth and 
coalescence of voids [38]. 
 
However, the increased role of grain boundaries in NG and UFG metals makes its 
deformation behavior distinct from that of their coarse counterparts, and most of NG and 
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UFG metals are brittle at room temperature. Tensile plasticity of NG and UFG metals is 
significantly affected by two dominant factors [37,39–41], i.e. brittle crack nucleation and 
propagation instabilities, and plastic strain instability [37]. The former means that the 
applied stress rapidly reaches the critical level for cracks nucleation and due to 
suppressed toughening mechanisms (first of all, lattice dislocation emission from crack 
tips) cracks cannot be effectively blunted [37]. The latter occurs in the absence of the 
pronounced strain-hardening and strain rate hardening, which leads to dramatic 
localization of plastic flow (plastic strain instability) into shear bands and neck formation 
(Fig. 2.5 b). Thus, the main condition for tensile ductility in NG and UFG metals is 





2.3.3. Some aspects of deformation and fracture of bi-modal metals 
An important strategy for ductility improvement in the nano- and ultrafine-structured 
metallic materials is the development of a multi-scale grain structure [42–46]. The 
introduction of coarse grains, providing the adequate hardening, into NG or UFG metals 
can significantly improve tensile ductility of the aggregate while keeping strength high. 
Although the underlying micromechanisms are still debatable [45,47,48], the general 
assumption is that the presence of large grains suppresses crack formation and/or 
propagation (Fig. 2.6).   
 
Figure 2.6 Proposed fracture theory for enhanced ductility of bimodal 5083 Al alloys. 
Cracks propagate quickly through the brittle UFG grains but are blunted by a large, 




As it was discussed previously, the toughening mechanisms in NG metals are 
significantly suppressed. This is due to the dislocation repulsion, which leads to 
consequent hindering of the dislocation emission (Figs. 2.7 a and b). As a result, the 
dislocation emission does not induce significant crack blunting in NG specimen [38]. 
 
Figure 2.7 Grain size effect on crack blunting through emission of lattice dislocations 
from crack tips. (a) and (b) NG specimen; (c) and (d) coarse-grained specimen [38]. 
 
If the grain size is large, the emitted dislocations move far enough from the crack tip 
and do not significantly hinder the motion of new dislocations until the number of the 
emitted dislocations becomes large enough (Figs. 2.7 c and d). Consequently, the 
dislocation emission along one slip plane can induce significant blunting of the crack tip 
in a coarse-grained specimen. So, the lattice dislocation activity in coarse grains seems 
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to be responsible for strain accommodation and, therefore, good ductility, while the 




2.4. Ti-based DNUS (dendritic + nano-/ultrafine structured) alloys 
2.4.1. Alloy design strategy 
The Ti-based DNUS (dendrite + nano-/ultrafine structures) composites [1] have a  bi-
modal microstructure consisting of the β-Ti dendrites embedded in the nano-/ultrafine 
matrix. The first Ti-based nanocrystalline composites was obtained by accident, when 
the Ta addition to the Ti-Cu-Ni-Sn glass-forming alloy composition intended for 
precipitation of β-Ti dendrites in a glassy matrix similarly to the work of Hays et al. [49], 
promoted the nanocrystallization of the residual melt. As it was mentioned in the chapter 
“Introduction” these type of composites is particularly interesting due to their unique 
mechanical properties, i.e. high strength, good plasticity and relatively low Young’s 
modulus, what is beneficial for spring and biomedical applications [5,7,8]. 
Based on the experimental observations G. He et al. [26] proposed a design strategy 
to develop Ti-based DNUS composites. According to this strategy, the composition of 
the possible Ti-based DNUS alloys was proposed as following: Ti + Ma + Mb + Mc+ MR, 
where Ma = Ag, Cu, Pd, and/or Pt; Mb = Co, Cr, Fe, Mn, Ni, Zr, and/or Y; Mc = Al, Ga, In, 
Sn, and/or Zn; MR = Hf, Mo, Nb, Ta, and/or W. Ma, Mb and Mc are responsible for the 
formation of the nano-/ultrafine structures and MR promotes the stabilization of the 
relatively coarse β-Ti phase. The next chapter is devoted to the influence of alloying 




2.4.2. Effect of composition on microstructure 
The effect of alloying elements on microstructure can be illustrated based on          
the Ti-Cu-Fe-Sn-Nb [12] and Ti–Cu–Ni–Sn–Nb [2] systems. A series of the                  
Ti-Cu-Fe-Sn-Nb alloys was developed to reveal the effect of the Cu + Fe content on the 
in-situ formed phases and their morphology [12]. The alloys have a “dendritic + matrix + 
eutectic” composite microstructure (Fig. 2.8).  
 
Figure 2.8 SEM backscattered electron images of the as-prepared microstructures.    
(a) alloy Ti58Cu16Fe14Sn4Nb8; (b) high magnification image of the alloy, showing the 
eutectic structure (Note: dark phase correspond to the matrix, bright phase correspond 
to the dendrites) [12]. 
 
The dendritic phase is a β-Ti solid solution while the eutectic structure has two 
constituents, namely, hcp α-Ti and bcc β-Ti phases. It was found that increasing of the 
Cu + Fe content results in decreasing of the volume fraction of dendrites and vice versa. 
It was reported about a critical concentration of Cu (12 mol%) and Fe (10 mol%), below 
which the eutectic structure cannot be distinguished. In addition, below this critical 




Figure 2.9 SEM backscattered electron images of the as-prepared microstructures of 
the Ti74Cu8Fe6Sn2Nb10 alloy [12]. 
 
A series of the quinary Ti–Cu–Ni–Sn–Nb alloys [2] was developed in order to 
investigate the effect of the Cu + Ni and Nb + Sn contents on the as-cast microstructure. 
These alloys consisted of the β-Ti dendrites embedded in the ultrafine-structured matrix. 
It was found that a higher Cu + Ni content corresponds to a higher volume fraction of 
the matrix (Fig. 2.10), what is similar with the effect of Cu + Fe in the Ti-Cu-Fe-Sn-Nb 
alloys [12]. Conversely, the higher the Nb + Sn content, the larger is the volume fraction 
of the dendrites (Fig. 2.10). The phase structure of the matrix also depends on the 
concentration of the Cu + Ni content: with a decreasing content of Cu + Ni in turn forms 
α + β + intermetallics (16.8 at.% Cu + 14.4 at.% Ni), eutectic α + β + few intermetallics 
(11.2 at.% Cu + 9.6 at.% Ni), and α + β (8 at.% Cu + 4.8 at.% Ni) phases. In addition, 
the grain size of the matrix phases varies depending on the composition, what is shown 




Figure 2.10 Plot of the composition to the microstructure: effect of composition on the 
average grain size of the matrix and the volume fraction of dendrites [2]. 
 
Thus, the following effects of alloying elements on the microstructure were revealed: 
1. a higher concentration of the Ma + Mb elements corresponds to a higher volume 
fraction of the interdendritic phases; 
2. a higher concentration of the Ti + Mc + MR elements corresponds to a higher 
volume fraction of the β-Ti dendrites; 
3. a type of the Ma and Mb elements affect a crystal structure of the interdendritic 
phases; 
4. a lower concentration of the Ma + Mb elements results in a coarsening of 
interdendritic phases. 
The resulting microstructure of the Ti-based DNUS alloys has a strong influence on 





2.4.3. Effect of microstructure on mechanical properties  
To show the effect of microstructure on mechanical properties two alloy systems, i.e. 
Ti-Cu-Fe-Sn-Nb [12] and Ti-Cu-Ni-Sn-Nb [2], were selected. The mechanical behavior 
of the Ti-Cu-Fe-Sn-Nb and Ti-Cu-Ni-Sn-Nb multiphase alloys is basically affected by the 
volume fractions of phases. The nano/ultrafine-structured interdendritic phases act as 
strengthening entities, while the relatively coarse dendritic β-Ti phase provides ductility. 
According to the experimental observation, the volume fraction of the dendritic β-Ti 
phase depends on the percentages of Ti and MR ( MR = Hf, Mo, Nb, Ta, and/or W).       
A higher Ti + MR content results in a larger volume fraction of the β-phase, leading to    
a lower yield strength [2]. Conversely, a higher Ma + Mb (Ma = Ag, Cu, Pd, and/or Pt; 
Mb = Co, Cr, Fe, Mn, Ni, Zr, and/or Y) content results in smaller volume fraction of        
β-phase, leading to a higher yield strength, but a smaller plastic strains. This 
composition-microstructure-mechanical property relationship is illustrated in Fig. 2.11 
[2]. 
 
Figure 2.11 Plot of the composition to the mechanical properties for Ti-Cu-Ni-Sn-Nb 




The similar composition-microstructure-mechanical property relationship is observed 
for the Ti-Cu-Fe-Sn-Nb alloys (Fig. 2.12 a) [12]. There is also a dependence of the 
Young’s modulus on microstructure: it becomes lower with a decreasing of the volume 
fraction of the interdendritic phases (Fig. 2.12 b). Some Ti-Cu-Fe-Sn-Nb alloys exhibit 
the Young’s module of 47-76 GPa, which is very promising for the biomedical 
applications [12]. 
 
Figure 2.12 Effect of the contents of Cu + Fe on the yield stress, the plastic strain and 




2.4.4. Deformation mechanism 
There is a number of studies disclosing the deformation mechanism of the Ti-based 
DNUS composites [1,19–21]. However, the majority of reports are devoted to 
compressive deformation mode. Only recently it was reported on the tensile deformation 
mechanism of the Ti-based DNUS alloys, what is discussed in the “Results and 
Discussion” chapter. 
The first study on the deformation behavior of the Ti-based DNUS composites can 
be found in the pioneer work of G. He [1]. According to this, deformation of the Ti-based 
DNUS alloys occurs partially through dislocation movement in the dendrites, and 
partially through a shear-banding mechanism in the nanostructured matrix. The 
dendrites act as obstacles restricting the excessive deformation by isolating the highly 
localized shear bands in small, discrete interdendritic regions, and contribute to the 
plasticity. 
Zhang et al. [19] performed a detailed investigation of the compressive deformation 
micromechanism of the Ti62Cu14Ni12Sn4Nb8 alloy, containing of about 30 vol.% of β-Ti 
dendrites surrounded by the nanostructured matrix. It was concluded that the initial 
plastic deformation of the alloy is attributed to the formation of primary slip bands in the 
β-Ti dendrites while no plastic deformation of the matrix was detected. On the progress 
of deformation, the activation of secondary slip system in the β-Ti dendrites contributed 
to strain-hardening of the alloy. Only at the 22.5 % of compression strain a small 
amount of short shear bands mostly parallel to the slip bands in the β-Ti dendrites was 
observed. This indicated that the formation of shear bands can be associated with the 
formation of slip bands in the β-Ti dendrites. The solution to this problem was given by 
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B.B. Sun [20] and K.B. Kim [21] who studied the deformation of the Ti-Cu-Ni-Sn-Nb 
alloys by means of transmission electron microscopy. 
B.B. Kim et al. investigated the alteration of microstructure of the bi-modal 
Ti66.1Cu8Ni4.8Sn7.2Nb13.9 alloy after different extents of deformation (after about 8 % and 
25 % of strain) [21]. A high density of slip bands (Fig. 2.13) was observed within the 
dendrites after 8 % of strain, revealing the plastic deformation of the β-Ti dendrites. A 
few shear bands passing through the dendrite/matrix interface were detected on the 
surface already at this stage (Fig. 2.13). But their propagation was blocked inside the 
dendrites revealing a strong interaction between shear and slip bands. 
 
Figure 2.13 Microstructural features of the specimen deformed to 8 % of compression 
strain: (a) formation of slip bands (small arrows) in the dendrites, and (b) nucleation of 
shear bands at the dendrite–nanoeutectic matrix interface (dotted arrows) [21]. 
 
The work-hardening at this stage was attributed to dislocation interactions. On the 
progress of deformation (24 % of strain) the surface appearance considerably changed 
due to shear bands multiplication (Fig. 2.14). But no significant shear band localization 
was detected. The work-hardening at this stage was explained by (i) dislocation 
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interactions, (ii) the impingement of the shear bands with neighboring slip bands, and 
(iii) interaction of shear bands [50]. 
 
Figure 2.14 Microstructural features of the specimen deformed to 25 % of strain: 
formation of highly dense shear bands (dotted arrows) and their impingement along with 
slip bands (small arrows); inset: overview [50]. 
 
Studying the compressive deformation of the Ti60Cu14Ni12Sn4Nb10 alloy B.B. Sun 
et al. [20] disclosed the formation of the shear bands. In agreement with results of  K.B. 
Kim et al. [21], the nucleation of the shear bands was observed at the dendrite/matrix 
interface. Based on TEM analysis, it was concluded that the extensive slip deformation 
of the β-Ti dendrites induced pile-ups of dislocations at the interfaces between the 
dendrite arms and the matrix, see Fig. 2.15. The dislocation pile-ups led to stress 
concentration and thus the transmission of the slip across the interface into the matrix 
(Fig. 2.15). The interface penetration by slip was due to the semi-coherent relationship 





Figure 2.15 Bright-field TEM images of the deformed alloy. (a) Slip bands in each 
‘‘dendrite colony’’ aligned approximately along the same direction; (b) pile-up of 
dislocations and steps (black arrows) left by slip across the interface; (c) enlarged view 
of the dislocation pile-up; (d) slip band propagating into the harder matrix phase [20]. 
 
The most studies on the deformation of the Ti-based DNUS composites are devoted 
to compressive deformation due to negligibly low tensile plasticity of these alloys 
leading to high fracture strength asymmetry as reported by Wu et al. [3]. Wu et al. 
investigated the tensile and compressive behavior of the Ti60Cu14Ni12Sn4Nb10 alloy, 
which consists of homogeneously dispersed micrometer-sized β-dendrites (30 vol.%) in 
a matrix (70 vol.%) consisting of a nanoscale eutectic and micrometer-sized Ti2Cu [3]. 
The alloy exhibits a significant strength asymmetry between compressive and tensile 
deformation modes. Since the tensile strength depends on both cleavage and shear 
25 
 
strength, it was suggested that the very low tensile fracture strength was caused by a 
large decrease of cleavage strength [3]. In its turn, casting defects and an 
inhomogeneous microstructure were assumed to be responsible for the decrease of the 
cleavage strength. However, no experimental evidences of this were shown. In contrary 
to results of Wu et al. [3], Sun et al. [20] reported about the detectable tensile plasticity 
in the same alloy. Probably, this misfit is due to different casting conditions of the same 
alloy and, therefore, the observed difference of the phases volume fraction: the higher 
volume fraction of the ductile and tough dendrites in the Sun’s specimens probably 
promoted the higher tensile ductility compared the specimens reported by Wu et al. 
However, to understand the underlying reasons of the misfit between Wu’s and Sun’s 




2.4.5. Application perspectives 
High strength and low Young’s modulus of the most Ti-based DNUS composites 
make them perspective candidates for spring and biomedical applications. One of the 
criterions for spring application is the modulus of resilience (Ur) or the ability of a 
material to absorb energy upon elastic deformation (Fig. 2.16).  
 
Figure 2.16 Illustration of elastic energy in a stress-strain plot. 
 
The higher the modulus of resilience is the more advantageous material is for spring 
applications. As it is illustrated in Fig. 2.17 the Ti-based DNUS composites (marked as 
“sample A”, “sample B” and “sample D”) exhibit higher moduli of resilience compared to 





Figure 2.17 Elastic energy-Young’s modulus coordinates showing the very high elastic 
energy of the present alloy. The data of other bio-Ti-base alloys and some conventional 
metallic alloys are included for comparison [7]. 
 
The low Young's moduli are required for homogeneous stress transfer between 
implant and bone [27,51]. The Young’s modulus of the Ti-based DNUS alloys typically 
varies from about 50 GPa to 110 GPa [7,12,26]. The low Young’s modulus of some    
Ti-based DNUS composites is attributed to the novel bimodal microstructure that 
consists of a micrometer-sized dendritic β-phase and a nano/ultrafine-structured matrix 
[26]. Firstly, the dendritic β-phase modulus varying from 40 to 80 GPa [51]. Secondly, 
the nano-/ultrafine-structured interdendritic component exhibits a relatively low Young’s 




3. Experimental details 
3.1. Sample preparation 
Samples were prepared together with Michael Frey and Sven Donath (IFW Dresden) 
in several steps. As the presence of oxygen reduces the ductility of cast titanium alloys 
[23], the sample preparation was conducted under pure argon atmosphere (99.999 %). 
Firstly, master alloys were prepared from pure Ti, Nb, V, Cu, Co, Ni, and Al metals 
(Goodfellow & Co., U.K.) with 99.9 wt.% purity by arc-melting method in two steps. 
Secondly, Ti and Nb or Ti and V were alloyed to produce intermediate binary Ti80Nb20 or 
Ti80V20 (at.%) alloys, respectively, and then the remaining pure metals were added and 
melted together. The ingots (Fig. 3.1 a) were remelted three times to obtain chemical 
homogeneity. 
 
Figure 3.1 (a) an ingot of master alloy and (b) a cylinder sample. 
 
Cylinder samples (100 mm length and 12 mm diameter) (Fig. 3.1 b) were prepared 
from the ingots by casting into a water-cooled Cu-mold under pure argon atmosphere 
(99.999 %). The cold crucible casting device manufactured at the IFW Dresden is 
shown in Fig. 3.2. In order to melt the alloy, an induction coil is placed inside a 
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cylindrical vacuum chamber. The master alloys were melted in a Cu-crucible, which is 
directly connected to a water-cooled Cu-mold. The levitated liquid alloy was dragged 









3.2. Microstructural characterization 
The microstructure and phase analysis was performed by means of X-ray 
diffractometry [52], scanning electron microscopy [53,54], transmission electron 
microscopy [55] and energy-dispersive X-ray analysis.  
3.2.1. Metallography 
The samples were prepared from bottom, middle and top sections of the cast rods to 
investigate the phase distribution throughout the entire length. For SEM observation, 
samples were mounted with conductive Cu-based resin and ground with silicon carbide 
polishing paper in the sequence 600, 1200, 2500 and 4000 grit with a Struers Rotopol 
machine. Finally, specimens were polished around 5 min with the solution of silica 
colloidal and 10 vol.% of H2O2 (OP-S, particle size 0.04 μm) and cleaned in the 
ultrasound bath for 5 min. 
3.2.2. X-Ray diffraction 
In-house x-ray diffraction studies were carried out for the phase analysis of the      
as-cast rods by using a STOE STADI P diffractometer equipped with a Mo source 
(monochromator, λ = 0.07093 nm) in transmission geometry (Bragg-Brentano). The 
samples were thinned by gridding down to a thickness of around 100 μm. The X’Pert 
HighScore Plus software was used to determine the lattice parameters from the 
measured patterns. 
3.2.3. Scanning electron microscopy 
The scanning electron microscopic studies were carried out with a Zeiss LEO 1530 
scanning electron microscope (SEM) operated at 20 kV acceleration voltage. The 
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chemical composition of the different phases as well as the elemental distribution was 
measured by means of an energy-dispersive x-ray spectrometer (EDX, Bruker Xflash 
4010). 
3.2.4. Transmission electron microscopy 
The transmission electron microscopic studies (TEM studies) were performed 
together with Matthias Bönisch (IFW Dresden). The TEM studies were carried out with a 
FEI TECNAI T20 transmission electron microscope (TEM) operated at 200 kV 
acceleration voltage. TEM specimens were cut and thinned by a focused ion beam in a 
FEI HELIOS NanoLab 600i. The chemical composition of the different phases as well as 
the elemental distribution was measured by means of an energy-dispersive x-ray 




3.3. Mechanical characterization 
3.3.1. Compressive tests 
Cylindrical compressive test samples (6 mm long) were prepared by electro-erosive 
machining according to the ASTM: E9-09 standard. As a cross-section of the as-cast 
rod has three microstructural zones (Fig. 3.3) the compressive samples were cut from 
the dendritic zone according to the schema in Fig. 1. The uni-axial compressive tests 
were carried out with an Instron 5569 (50 KN) machine at the initial strain rate of      
1×10-4 s-1 at room temperature. The samples were placed in the loading axes in 
between two 4 mm thick hard cemented tungsten carbide-cobalt plates. To maintain the 
uni-axial loading the contact surfaces of the samples were polished to obtain 
coplanarity. The strain was measured by a laser extensometer (Fiedler Optoelektronik). 
 
Figure 3.3 Schematic illustration of the compressive tests samples position on a cross 




3.3.2. Tensile tests 
Flat tensile test samples with 8 mm gauge length were prepared by electro-erosive 
machining according to the DIN 50125 standard. As a cross-section of the as-cast rod 
has three microstructural zones (Fig. 3.4) the tensile samples were cut from the 
dendritic zone according to the schema in Fig. 3.4. The uni-axial tensile tests were 
carried out with the Instron 5569 (50 KN) machine at the initial strain rate of 1×10-4 s-1 at 
room temperature. The strain was measured by the laser extensometer (Fiedler 
Optoelektronik). 
 
Figure 3.4 Schematic illustration of the tensile tests samples position on a cross-section 




3.3.3. In-situ compressive and tensile testing 
The in-situ alteration of microstructure upon tensile and compressive deformation 
was investigated by means of the mechanical testing device (Kammrath and Weiss) 
(Fig. 3.5 a) implemented in the scanning electron microscope (Zeiss LEO 1530). For 
this purpose special mini-tensile (Fig. 3.5) and rectangular compressive (1 mm × 1 mm 
× 2 mm) samples were prepared by electro-erosive machining. The studied sample 
surface was ground and polished as described in 2.1.1. The tensile and compressive 
tests were stopped at different strain states for a detailed observation of the sample 
surface.  
 
Figure 3.5 (a) Image of a mechanical testing device (Kammrath and Weiss), (b) SEM 




3.4. Chemical characterization 
The chemical analysis was performed by Dr. Wolfgang Gruner and Cornelia 
Geringswald (IFW Dresden). The compositions of the ingots were determined by 
inductively-coupled plasma optical emission spectroscopy (ICP-OES, Thermo Fisher 
Scientific IRIS Intrepid II XUV). The oxygen content in the ingots was determined by 
carrier gas hot extraction analysis (CGHE, Leco TC-436-DR). The measurement probe 
was placed into a heated graphite crucible and heated up to about 2500°C in streaming 
helium gas. The evolved CO was detected by an IR-detector and its amount was 
quantified against a reference material.   
36 
 
4. Results and discussion 
4.1. New composite structured Ti-Nb-Al-Cu-Ni alloys for 
biomedical applications 
As it was pointed out in the “Fundamentals” section the novel Ti-based DNUS 
composites have a high potential for biomedical applications due to their relatively low 
Young’s modulus and high yield strength. However, the most Ti-based DNUS alloys 
contain toxic elements such as Cu, Ni, Co, etc. In this section it is reported about 
microstructure and mechanical behavior of new composite-structured Ti-based alloys 
with reduced concentration of harmful Cu and Ni compared to the parent 
Ti66Nb13Al6.2Cu8Ni6.8 (at.%) alloy. The parent alloy was selected for the modification due 
to its good corrosion resistance [56] and an exceptional combination of high fracture 
stress (2043 MPa) and large plastic strain (30.5%) under compressive loading [15]. The 
microstructure of the new alloys consists of a dendritic bcc β-Ti solid solution and fine 
intermetallic precipitates in the interdendritic region. It was found that the volume 
fraction of the intermetallic phases decreases significantly with the slightly decreasing 
Cu + Ni content. Consequently, the fracture mechanism in tension changes from 
cleavage to shear. This, in turn, strongly enhances ductility of the alloys and, as a result, 
Ti71.8Nb14.1Al6.7Cu4Ni3.4 (at.%) exhibits a significant tensile ductility of about 14%. These 
results demonstrate that the optimization of the interdendritic precipitates can 
significantly enhance ductility and yet maintaining high strength and low Young’s 
modulus of the alloys. The achieved bioperformance (ratio of strength to Young’s 
modulus) values of the new alloys are more advanced compared with those of the 




From the XRD pattern (Fig. 4.1) it can be deduced that Ti68.8Nb13.6Al6.5Cu6Ni5.1 (at.%) 
(alloy I) consist of a bcc β-type phase with a minor amount of Ti2Cu. Rietveld analysis 
reveals that the lattice parameter of the bcc β-type phase is a = 0.3234 ± 0.0001 nm.  
 
Figure 4.1 XRD patterns of the dendritic zones taken from alloy I and alloy II (Mo-Kα1 
radiation). 
The Ti2Cu phase has tetragonal symmetry with space group I4/mmm and refined lattice 
parameters a = 0.2961 ± 0.0001 nm and c = 1.0468 ± 0.0001 nm. The XRD pattern of 
Ti71.8Nb14.1Al6.7Cu4Ni3.4 (at.%) (alloy II) indicates a presence of the bcc β-Ti phase with 
the lattice parameter a = 0.3245 ± 0.0001 nm. The structural data of the detected 
phases are summarized in Table 4.1. The lattice parameter of the bcc β-type phases in 
both alloys is lower than the value a0 = 0.3282 nm for pure β-Ti at 25 °C (as obtained by 
extrapolation) [22]. This is due to a high concentration of solute elements (Nb, Al, Cu 
and Ni) as it was detected by EDX (see below). The stabilization of the high 
38 
 
temperature β-Ti phase at room temperature is due to the sufficient amount of by beta-
stabilizers [23] and relatively high cooling rates (about 102 K/s) [57]. 
 
Table 4.1 Results of EDX analyses, volume fraction and lattice parameters of the 
different phases of alloy I and alloy II. 
Phase Average composition Volume 
fraction (%) 



































 11 ± 2 a = 0.2961 ± 0.0001 
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Electron microscopy combined with EDX analysis was carried out to reveal the 
microstructure and the compositions of the phases in alloy I and alloy II. Cross sections 
from bottom, middle and top part of each rod were studied to obtain an information 
about phase distribution throughout the entire length. The cross sections of the rods are 
characterized by three microstructural zones, namely, a surface-near (Fig. 4.2 a), a 
dendritic (Fig. 4.2 b) and a dendritic with an interdendritic porosity (not shown here). 
The surface-near zone forms a ring along outer surface and has a typical width of about 
750 ± 250 µm. The fine grain size microstructure of this zone is due to high cooling 
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rates. Towards the center the pore-free dendritic zone forms a ring of about 4 ± 0.5 mm 
in thickness. Due to a volume decreasing upon the crystallization, which starts at the 
mould surface and proceeds towards the center, pores form in the center, where the 
remaining liquid solidifies. Therefore, the tensile specimens were taken from the 
intermediate region, which is dendritic and defect-free. 
 
Figure 4.2 SEM backscattered electron images (BSE): (a) longitudinal section of        
as-cast rods of alloy I and (b) alloy II showing surface-near and dendritic zones,          
(c) dendritic zone of alloy I and (d) alloy II, (e) details of the intermetallic compounds of 




The microstructure of alloy I is composed of two metallographic constituents, i.e. the 
primary β-Ti dendrites and the interdendritic component (Figs. 4.2 c and e). The 
secondary arm spacing and the average diameter of the dendrites of alloy I are 
5.8 ± 0.5 µm and 55 ± 7 µm, respectively. The interdendritic component consists of the 
Ti2Cu phase (dark phase) and a minor amount of an ultrafine-structured 
(around 100 nm) bright phase (Fig. 4.2 e). Due to its low volume fraction the bright 
phase was not detected by XRD (Fig. 4.1). Since the interdendritic component of the 
parent Ti66Nb13Cu8Ni6.8Al6.2 alloy consists of two intermetallic phases, namely, Ti2Cu 
and TiNi [15] the bright phase in alloy I is assumed to be the TiNi phase. 
Alloy II also exhibits the dendritic microstructure with a small amount of the 
intermetallic agglomerates along the grain boundaries (Figs. 4.2 d and f). The 
secondary arm spacing and the average diameter of the dendrites of alloy II are 
5.6 ± 0.5 µm and 58 ± 8 µm, respectively. The interdendritic agglomerates also consist 
of dark and bright phases (Fig. 2 f), which were not detected by XRD due to their low 
volume fraction. The typical dimension of the dark phase ranges from 0.5 µm to 10 µm. 
According to the EDX data this phase has a chemical composition similar to the 
Ti2Cu phase in alloy I (Table 4.1). The bright intermetallic phase has a typical size of 
about 100 nm and, therefore, it was not possible to analyze its composition by EDX. 
The volume fraction of the intermetallic phases was estimated from the SEM images as 
11 ± 2% and 2 ± 1% for alloy I and alloy II, respectively. Thus the reduction of the 
Cu + Ni content in alloy I compared to alloy II resulted in a significant decrease of the 




The EDX mapping and point analyses were carried out to reveal the elemental 
distribution and the phases composition. The EDX maps show the microsegregation of 
Cu and Ni to the interdendritic region (Fig. 4.3), whereas Al and Nb are almost 
completely dissolved in the dendrites.  
 
Figure 4.3 EDX mapping of alloy I. 
 
The EDX point analyses of the dendrites reveal that these mainly consist of Ti with a 
large amount of the dissolved elements (about 30%) (Table 4.1) what confirms that the 
bcc β-type phase is the bcc β-Ti solid solution. The large amount of the dissolved 
elements might be responsible for the shift of the bcc β-Ti lattice parameter when 
compared with pure Ti. It has to be noted that the composition of the dendrites in both 
alloys is slightly different, but the atomic percentage of the dissolved Cu + Ni is about 
the same (Table 4.1). Therefore, the higher Cu + Ni concentration in alloy I led to the 
increased volume fraction of the intermetallics containing Cu + Ni. According to the EDX 




The reduction of the Cu + Ni content in alloy II  compared to alloy I results in a 
composition and the volume fraction change of the dendrites (Table 4.1) as well as a 
shape change of the intermetallic phases. Alloy I contains 11 vol.% of the interdendritic 
phases forming an interconnected network whereas alloy II contains only about 2 vol.% 
of the spherical precipitates. These microstructural changes in turn significantly affect 
the mechanical behavior of the present alloys. The reduction of strength and the 
increase of strain are typically observed with the decreasing Cu + Ni content in the      
Ti-based DNUS alloys tested in compression [2]. Additionally to that, the alloys of this 
study also exhibit the change of their fracture mechanism. 
The present alloys exhibit the tensile ductility and high strength already in their      
as-cast state (Fig. 4.4).  
 
Figure 4.4 Room temperature engineering and true tensile stress–strain curves of 




The ultimate tensile strength of alloy I reaches 1145 MPa at 3.7 % of the total strain. 
This alloy also exhibits the high yield strength of about 1050 MPa. These strength 
values correspond to those of the high-strength titanium alloys subjected to thermo-
mechanical treatments [22]. The Young’s modulus of alloy I is 82 GPa. Alloy II exhibits 
the higher tensile ductility (14%) and the lower Young’s modulus (72 GPa) compared to 
alloy I whereas the ultimate tensile strength remains at a high level (Table 4.2). 
 
Table 4.2 Mechanical properties (engineering) of alloy I and alloy II under tensile 
loading. 






Alloy I 82 ± 0.5 1050 ± 15 1145 ± 20 5 ± 0.5 
Alloy II 72 ± 0.5 820 ± 10 880 ± 10 14 ± 1 
 
The Young’s moduli of alloy I and alloy II are noticeably lower compared to the 
conventional Ti-based alloys [23,58], e.g. for Ti-6Al-4V it is about 110 GPa (the most 
commonly used titanium alloy for implant applications) [27,58]. The tensile         
strength-to-Young’s modulus ratio is used as a parameter for evaluating the 
performance of biomaterials: the higher the ratio, the more desirable a material for 
implant applications (e.g. the replacement of hard tissue) [27,28]. Fig. 4.5 shows the 
strength-to-Young’s modulus ratio in comparison with the several commercial implant 
materials [23,29,58]. Alloy I and alloy II show the higher ratio already in the as-cast state 
whereas the commercial biomedical alloys and the recently developed alloys were 




Figure 4.5 Ratio of tensile strength to Young’s modulus of alloy I and alloy II in 
comparison with several implant alloys [23,29,58]. 
 
The higher strength of alloy I when compared with alloy II is due to the intermetallic 
phases strengthening [5] and the solid solution strengthening of dendrites [1]. The 
dendrites in alloy I contain a higher amount of the solute elements implying a higher 
dendritic solid solution strengthening compared to alloy II. Yet, the chemical difference 
appears to be rather small in order to account for such a large difference in strength. 
Therefore, the effect of the intermetallic network strengthening in alloy I seems to be 
considerable. This interconnected network seems to act as a frame protecting the 




Microstructure after deformation and fractography 
The engineering stress-strain curves of these alloys (Fig. 4.4) show that the 
homogeneous plastic deformation changes by the inhomogeneous plastic deformation 
(necking) at 3.7 % and 4.6 % in alloy I and alloy II, respectively. However, alloy II shows 
a significant plastic deformation of more than 9 % after the onset of plastic instabilities 
whereas alloy I exhibits only about 1 % of inhomogeneous plastic deformation. 
To study the deformation mechanisms of these two alloys (Fig. 4.4) in-situ tensile 
tests in the SEM were carried out. The micrographs of the tensile sample of alloy II 
during deformation are summarized in Fig. 4.6 (the position of images reflects the strain 
state) together with the stress-strain curves.  
 
Figure 4.6 Room temperature engineering and true tensile stress–strain curves of 




Since the main phase of alloy II (β-Ti) has bcc structure, it fulfills the von Mises criterion, 
which requires at least five independent slip systems for a crystal to undergo a general 
change of a shape by slips [59]. Therefore, during deformation numerous slip bands are 
observed on the side surface (Fig. 4.7). This indicates that the β-Ti dendrites change 
their shape stretching along the loading direction. The slip bands have a wavy 
appearance what is typical for bcc metals [59] (Fig. 4.7). This happens due to the fact 
that slip occurs on several planes but always in the closed-packed direction, which is 
common to each of these planes. Dislocations can readily move from one type of slip 
plane to another giving rise to the irregular wavy slip bands [59]. Wavy and hilly 
structures form on the side surface (Fig. 4.7).  
 
Figure 4.7 SEM images of alloy II after 12 % of tensile deformation: (a) neck formation, 





After having achieved the ultimate tensile strength, the deformation in ally II localizes 
through the neck formation (Figs. 4.4 and 4.6). Detailed observation of the sample 
surface shows the formation cracks along the deformation bands (Fig. 4.7 b) and at 
their intersections (Figs. 4.7 c and d). Fractographic analysis of the samples of alloy II 
reveals that fracture occurs by the void nucleation, growth and coalescence (Fig. 4.8). 
The fracture surface is rough and consists of variously sized dimples and voids 
(Fig. 4.8). The outer sides of the fracture surface exhibit a strong shear character 
(Fig. 4.8 a) with inclined dimples on it (Fig. 4.8 d). 
 
Figure 4.8 SEM images of the fracture surface of alloy II: (a) dimples fracture,  
(b) details of dimples fracture, (c, d) side view of the fracture surface. 
 
Alloy I contains the considerable volume fraction of the intermetallic phases 
(11 vol.%), which significantly affects its plastic deformation. The main intermetallic 
compound (Ti2Cu) has a tetragonal structure [60] and, therefore, exhibits low ductility at 
room temperature [59]. Due to a mismatch of mechanical properties of the β-Ti 
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dendrites and the interdendritic Ti2Cu phase, the plastic deformation of the dendrites 
causes stress concentration and eventually leads to the formation of voids and micro 
cracks at the β-Ti/Ti2Cu interface (Figs. 4.9 b, c and d). Since, the intermetallic particles 
are not able to accommodate the plastic strain the dendrites are able to bear and they 
break at an early stage of plastic deformation (Figs. 4.9 e and f). However, small cracks 
formed in the intermetallic regions are arrested by the β-Ti dendrites (Figs. 4.9 e and f).  
 
Figure 4.9 SEM images of alloy I after 3 % of tensile deformation: (a) side surface of 





After the homogeneous plastic deformation the strain-softening (necking) (Fig. 4.4) 
takes place. This leads to increased stress at the necking region and a fast propagation 
of the fracture crack. Thereby, the tested samples of alloy I fail by quasi-cleavage 
fracture (Fig. 4.10). Cleavage facets with sizes from 5 to 200 µm covered by elongated 
dimples (with typical dimensions from 0.1 µm to 5 µm) are observed on the fracture 
surface (Fig. 4.10). The initiation of small and ill-defined facets at the intermetallic 
particles might be responsible for this type of fracture. 
 
Figure 4.10 SEM images of the fracture surface of alloy I: (a) quasi-Cleavage fracture, 
(b,c) details of the quasi-cleavage fracture indicating plastic deformation, (d) tearing of 
the dendrite. 
 
Thus, alloy I and alloy II fail by the different mechanisms, i.e. quasi-Ceavage and 
failure by plastic growth of voids, respectively. The intermetallic phases volume fraction 
and distribution have an influence on that. Alloy II contains a minor volume fraction of 
intermetallics (2 vol.%) and, therefore, contribution of those to fracture is not significant. 
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In contrary, alloy I contains the larger volume fraction of intermetallics (11 vol.%), which 
form the network. On the one hand, this strong intermetallic phase network as well as 
the solid solution strengthening of the dendrites contribute to higher strength of alloy I 
compared to alloy II. On the other hand, the Ti2Cu tetragonal phase is not able to 
accommodate the plastic strain of the dendrites and, therefore, it breaks at a very 






The microstructure of the Ti68.8Nb13.6Al6.5Cu6Ni5.1 (alloy I) and Ti71.8Nb14.1Al6.7Cu4Ni3.4 
(alloy II) consists of the micrometer-size β-Ti dendrites surrounded by the fine 
intermetallic phases (Ti2Cu and a minor amount of an unidentified phase). The shape 
and the volume fraction of these interdendritic components depend on the Cu + Ni 
content. Therefore, alloy I contains about 11 vol.% of the interdendritic phases forming 
the network whereas alloy II contains only about 2 vol.% as the spherical precipitates.  
The new alloys demonstrate a significant improvement of tensile plasticity compared 
to the parent alloy, which is brittle. The fracture tensile strain is 5 ± 0.5 % and 14 ± 1 % 
for alloy I and alloy II, respectively. The lower tensile ductility of alloy I compared to 
alloy II is due to both the network-like distribution of the interdedritic component as well 
as the mechanical properties mismatch of the β-Ti dendrites and the Ti2Cu phase: Ti2Cu 
is not able to accommodate the plastic deformation of the dendrites and, therefore, it 
fractures upon plastic deformation. However, the ductile and tough β-Ti dendrites act as 
crack blunting objects arresting the propagation of cracks. Therefore, alloy I fractures 
only at the onset of necking.  
Thus, it was shown that the reduction of the Cu + Ni concentration results in the 
lower volume fraction of the intermetallics in the Ti-Nb-Al-Cu-Ni alloys. In its turn, the 
optimization of the intermetallic phases volume fraction can significantly enhance 
ductility of the alloys without considerable sacrifice the high strength. In particular, yield 
strength of alloy I is 1050 ± 15 MPa. High strength and low Young’s modulus of these 
as-cast Ti-based alloys make them suitable for biomedical applications (e.g. as 
structural biomaterials for the replacement of hard tissue). 
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4.2. New composite structured Ti-V-Al-Cu-Ni alloys for spring 
applications 
In this section it is reported about microstructure, mechanical behavior and fracture 
of new Ti-V-Al-Cu-Ni alloys. The alloys are particularly interesting for application due to 
their large moduli of resilience. According to this parameter they are more beneficial for 
spring applications than most of the currently used Ti-based alloys. There were several 
motivating factors for design of the alloys.  
Firstly, the most advanced applications (e.g. aerospace) require materials with high 
specific strength. The latter can be achieved through both increase of a material 
strength as well as decrease of a material density. The reported high-strength             
Ti-Nb-Al-Cu-Ni alloys (Section 4.1) exhibit relatively high (˃ 5 g/cm3) density values. 
Therefore, to reduce their density values the alloys were modified through full 
substitution of Nb by lighter V. As a result, the density of Ti68.8V13.6Cu6Ni5.1Al6.5 (at.%) 
was reduced to 4.92 g/cm3 while for Ti68.8Nb13.6Cu6Ni5.1Al6.5 (at.%) alloy it is 5.29 g/cm
3. 
This resulted in a pronounced (about 15 %) specific yield strength increase of 
Ti68.8V13.6Cu6Ni5.1Al6.5 compared to Ti68.8Nb13.6Cu6Ni5.1Al6.5 while the same tensile 
plasticity (4.5 %) as observed for Ti68.8Nb13.6Cu6Ni5.1Al6.5 was retained. 
Secondly, the Cu + Ni concentration in the new alloys was adjusted to optimize the 
volume fraction and distribution of interdendritic precipitates and, therefore, to increase 




The XRD patterns (Fig. 4.11) indicate the presence of a β-Ti phase (Im-3m) in all 
alloys, i.e. Ti66V13Cu8Ni6.8Al6.2 (at.%) (alloy III), Ti68.8V13.6Cu6Ni5.1Al6.5 (at.%) (alloy IV) 
and Ti71.8V14.1Cu4Ni3.4Al6.7 (at.%) (alloy V).  
 
Figure 4.11 XRD diffractograms of the dendritic zones of alloy III, alloy IV, and alloy V 
(the intensity of two right-side images is given in logarithmic scale for a better view).  
 
This phase is stabilized at room temperature due to the beta-stabilizers (V and Ni) [23] 
and the relatively high cooling rate (about 102 K/s) [57]. Rietveld analysis reveals that 
the lattice parameter of the β-Ti phase increases from alloy III to alloy V (Fig. 4.12). 
Besides the β-Ti phase, alloy III and IV contain intermetallic phases, namely 
Ti2Cu (I4/mmm) and TiNi (Pm-3m), as detected by XRD. Details of their crystal structure 
are listed in Table 4.3. The lattice parameters of the β-Ti phases in the current alloys 
are slightly lower when compared with the parent ones (Section 4.1). This may be due 
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to the lower atomic radius of V – the main alloying element – when compared with that 
of Nb. The lattice parameters of Ti2Cu in the current alloys are similar to those in the 
parent alloy (Section 4.1). The composition, morphology and distribution of phases were 
studied by SEM with integrated energy-dispersive X-ray (EDX) detector.  
 
Figure 4.12 Lattice parameter, volume fraction, size, and Vickers hardness of the β-Ti 
phase with respect to the Cu + Ni concentration in the studied alloys.  
 
The bottom, middle and top parts of the rods were studied. The phase distribution is 
found to be homogeneous throughout the entire length. The cross sections of the rods 
are characterized by three microstructural zones: (1) a near-surface (not shown here), 
(2) a dendritic (Figs. 4.13-4.15) and (3) a dendritic with interdendritic porosity (not 
shown here). It is similar to the Ti-Nb-Cu-Ni-Al alloys (Section 4.1). The middle 
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(dendritic) zone forms a ring of about 4 ± 0.5 mm in thickness and is defect-free. 
Therefore, this zone is microstructurally and mechanically characterized.  
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The microstructure of alloy III is composed of equiaxed β-Ti dendrites surrounded by 
a network of intermetallic agglomerates (Fig. 4.13). The agglomerates consist of two 
intermetallic phases (Fig. 4.13 b), i.e. Ti2Cu and TiNi, which were detected by XRD 
(Fig. 4.11). The size and the volume fraction of the dendrites are about 54 ± 6 µm and 
90 ± 1 vol.%, respectively. The thickness of the intermetallic network varies from 0.5 µm 
to 15 µm.  
The microstructure of alloy IV is also composed of equiaxed β-Ti dendrites and 
intermetallics, namely Ti2Cu and TiNi, at the interdendritic regions (Fig. 4.14), as 
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detected by XRD (Fig. 4.11). The size and volume fraction of the dendrites is about 
85 ± 10 µm and 96 ± 0.5 vol.%, respectively. The size of the intermetallic agglomerates 
is about 3 ± 1 µm.  
 
Figure 4.13 SEM backscattered electron micrographs and element distribution maps of 
alloy III: (a) the dendritic zone, and (b) the interdendritic compounds. 
 
Figure 4.14 SEM backscattered electron micrographs and element distribution maps of 




The microstructure of the alloy with the lowest concentration of Cu + Ni (alloy V) is 
fully composed of equiaxed β-Ti dendrites with an average size of about 104 ± 12 µm 
(Figs. 4.15). Thus, the Cu + Ni content reduction from alloy III to alloy V results in 
decreasing of the intermetallic phases volume fraction as well as increasing the average 
size of the β-Ti dendrites (Fig. 4.12). The volume fraction of the interdendritic phases in 
the current alloys is lower when compared with the parent ones (Section 4.1).  
 
Figure 4.15 SEM backscattered micrograph and element distribution maps of the 
dendritic zones of alloy V 
 
The EDX point- as well as mapping-analyses were carried out to reveal the phases 
composition and the elemental distribution. The revealed average compositions of the 
phases are listed in Table 4.3. It was found that the dendrites are highly enriched in 
solute elements (V, Al, Cu, Ni). The concentration of solute elements in the dendrites 
decreases from alloy III to alloy V what affect the lattice parameter of the β-Ti phase 
(Fig. 4.12). The higher solubility of Cu + Ni in the dendrites, when compared with the 
parent alloys (Section 4.1), results in lower volume fraction of intermetallics. The 
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intermetallic phases in the studied alloys are solid solutions (Table 4.3). The 
compositions of Ti2Cu and TiNi in alloy III are similar to those in alloy IV (Table 4.3). 
Therefore, the corresponding phases have the same lattice parameters.  
The EDX mapping shows that the solidification of the alloys was accompanied by 
the Cu and Ni microsegregation to the interdendritic regions (Figs. 4.13-4.15). It has to 
be noted that a smaller dendritic size corresponds to a higher Cu + Ni concentration in 
the alloys composition (Fig. 4.12). It seems that Cu and Ni cause a grain refinement 
similar to boron one [16]. The rejection of Cu and Ni promotes the undercooling at the 
solidification front, which causes an instability of the solidification front and provides an 
additional driving force for the nucleation of additional nuclei in front of the interface 
between the solid phase and the residual melt [16]. 
The rejection of Cu and Ni during solidification promotes the precipitation of the 
intermetallic phases. The high-resolution EDX maps demonstrate the element 
distribution in the intermetallic phase region (Fig. 4.13 b). The highest Ni concentration 
and the lowest Ti concentration corresponds to the TiNi phase, which has a bright 
contrast in the back scattered electron image (Fig. 4.13 b). The Ti2Cu phase has a 
lower Ni concentration but a higher Ti concentration and appears as dark contrast in the 
back scattered electron image (Fig. 4.13 b). These ultrafine-structured intermetallics 
usually effectively strengthen the Ti-based composites [2], which, therefore, exhibit an 





The alloys exhibit a high tensile strength already in the as-cast state (Fig. 4.16). 
Moreover, the specific strength of the new alloys is significantly improved when 
compared to the parent alloys (Fig. 4.17). According to the classification of the 
commercial Ti-based alloys by strength, they are classified as high strength alloys [22]. 
It has to be noted that the classification is based on the alloys subjected to thermal and 
thermo-mechanical treatments. However, the higher strength in these alloys 
corresponds to lower tensile ductility. The plasticity of alloy III is almost negligible. Alloy 
IV deforms plastically up to 4.5 % of strain. The deformation of this alloy is accompanied 
by strain-hardening. Among all, alloy V exhibits the highest tensile ductility of about 
12 %. 
 
Figure 4.16 Room temperature true tensile stress–strain curves of the studied alloys 





Figure 4.17 Yield strength plotted against density for the commercial Ti-based alloys 
used as spring materials and the studied alloys (ST – solution treated). The contours 
show the specific strength 




The Young’s moduli of the present alloys are noticeably lower (Table 4.4) when 
compared to the conventional Ti-based alloys [23,58], e.g. for Ti-6Al-4V it is about 
110 GPa (the most commonly used titanium alloy) [27,58]. This is due to the high 
volume fraction of the β-Ti phase. Therefore, the modulus of resilience is relatively high. 
























Alloy III 90.1 ± 0.8 1270 ± 50 1.5 ± 0.2 1270 ± 50 1.5 ± 0.2 17.9 ± 1 
Alloy IV 87.4 ± 0.6 1130 ± 40 1.5 ± 0.1 1240 ± 40 4.5 ± 0.5 14.7 ± 0.7 
Alloy V 81.8 ± 0.6 910 ± 30 1.3 ± 0.1 1000 ± 30 12 ± 1 12.2 ± 0.6 
 
Fig. 4.18 summarizes the data of the commercial Ti-based alloys currently used as 
spring materials [8,23,58]. It has to be noted that the moduli of resilience of the studied 
alloys are the highest among all. 
 
Figure 4.18 Yield strength plotted against Young’s modulus for the commercial Ti-
based alloys used as spring materials and the studied alloys (AG – aged, ST – solution 
treated). The contours show the resilience 






Additionally the alloys show a high value of mechanical bioperformance (ratio of yield 
tensile strength to Young’s modulus): the higher the value is the more desirable the 
material is for implant applications (e.g. the replacement of hard tissue) [27,28]. 
Fig. 4.19 represents the data of the commercial bio-Ti-based alloys [61]. The 
parameters of the bioperformance of the current alloys are the highest among all. This 
makes them attractive for the temporal replacement of a hard tissue. Due to toxic and 
allergic elements, the long-term implants have to be covered by protective layers. 
 
Figure 4.19 Yield strength plotted against Young’s modulus for the commercial 
biomedical Ti-based alloys and the studied alloys (AN – annealed, AG – aged, ST – 
solution treated). The contours show the bioperformance 
    
 
. 
The strength of the alloys is a result of an additive influence of several strengthening 
mechanisms: grain size strengthening (Hall–Petch relation) [59], intermetallic phases 
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strengthening [5] and solid solution strengthening of dendrites [1]. It was not possible to 
prepare the alloys varying only one parameter (e.g. grain size) and keeping others 
unchanged to reveal the effect of each strengthening mechanism. However, the 
microhardness measurements allow estimating the strengthening effect of the β-Ti 
phase (solid solution strengthening).  
The β-Ti phases contain a high amount of solute elements (Table 4.3) implying the 
high dendritic solid solution strengthening [59]. Alloy V is a good example of this effect: 
it exhibits a high strength while has a relatively coarse grain size when compared with 
alloys III and IV. The microhardness maps of the alloys (Fig. 4.20) reveal the distribution 
of microhardness in the cross-section: the higher values correspond to the interdendritic 
regions and the lower values to the dendritic regions. The average microhardness value 
increases from alloy V to alloy III (Fig. 4.20), what is in accordance with the 
microhardness-strength relation [59]: the stronger alloy exhibits the higher hardness. 
The scatter of the microhardness also increases from alloy V to alloy III due to an 
increase of the Cu + Ni segregation and the presence of the hard intermetallics in 
alloy III and alloy IV. It was found that the microhardness of β-Ti increases from alloy V 
to alloy III (Fig. 4.12) what is due to the increase of the solute element concentration 
(Table 4.3). The increase of the dendrite microhardness proves the significant 
contribution of the solid solution strengthening of β-Ti. The effect of microstructure on 









Microstructural analysis of strained and fractured samples 
The single phase alloy (alloy V) is considered at first. It consists of the bcc (β-Ti) 
phase (Fig. 4.15) which fulfills the von Mises criterion [59]. Therefore, the alloy 
plastically deforms by slip (Figs. 4.21 a and b). However, due to initial heterogeneities in 
dimensions or composition the strain starts to localize disproportionately in a small 
region. This results in the decreasing local cross-sectional area and formation of the 
"neck" region (Fig. 4.21 a). 
 
Figure 4.21 SEM micrographs of strained and fractured samples of alloy V: (a) the side 
surface short before fracture; note: the crack formed at the middle of the necking region 
(insert: details of the crack) (b) the microvoid at the intergrain region; note: the β-Ti 
phase deforms by slip, (c) the fracture surface, (d) details of the fracture surface 
revealing the dimples of different sizes. 
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During the subsequent deformation, voids form at the grain boundaries (Fig. 4.21 b) as 
well as within the grains (not shown here). Finally, the sample ruptures by crack 
propagation (Figs. 4.21 a). The fracture surface consists of variously sized shallow tear 
dimples and voids (Fig. 4.21 d) and has a very pronounced shear character 
(Fig. 4.21 c). 
The surrounding of ductile and tough β-Ti by the network of the intermetallic 
agglomerates (alloy III) significantly affects the tensile deformation: alloy III fractures 
catastrophically at the yield stress. Therefore, it was not possible to observe the plastic 
deformation in-situ. Nevertheless, the tested samples were examined ex-situ. It was 
found that the intermetallic agglomerates and the dendrites cannot deform equally: the 
shape change of the β-phase dendrites is “blocked” by the intermetallic agglomerates 
(Fig. 4.22 a). Therefore, additional interaction stresses and strains between the phases 
develop (Fig. 4.22 a). The numerous cracks are found within the interdendritic phases 
(Fig. 4.22 b) and at the dendritic/interdendritic interface. Therefore, brittle crack 
nucleation and propagation instabilities cause fracture. It was found that 
the Ti2Cu phase shows some deformability (note slip marks) (Fig. 4.22 a). The fracture 
surface of alloy III consists of small and ill-defined cleavage facets (Fig. 4.22 c) and 




Figure 4.22 SEM micrographs of fractured samples of alloy III: (a) details of the side 
surface; note: slip marks at the interior of β-Ti and Ti2Cu (white arrows indicate slip 
marks and black arrows indicate microvoids and microcracks) (b) cracks at the 
interdendritic region; note: crack propagates through interface of Ti2Cu and TiNi, (c) the 
fracture surface, (d) details of the fracture surface revealing cleavage features and 
cracks. 
 
Alloy IV also contains intermetallics, but, in contrast to alloy III, it exhibits a 
pronounced tensile plasticity. On the other hand, the ductility of alloy IV is significantly 
lower when compared with that of alloy V. It was found that β-Ti deforms by slip (Fig. 
4.23 a) and the intermetallics adjust to the shape change of β-Ti without a significant 
crack and void formation. In particular, shear bands penetrating intermetallics do not 
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lead to crack formation (Fig. 4.23 b). However, the numerous interdendritic cracks are 
found on the side surface of strained samples (Fig. 4.23 a). This may be due to the 
segregation of Cu and Ni to the interdendritic regions. The interdendritic crack formation 
together with the strain localization are found to be the reasons of fracture (Fig. 4.23 a). 
The fracture of alloy IV consists of cleavage facets and numerous fine dimples 
(Fig. 4.23 c and d) reflecting the plastic deformation of the dendrites. 
 
Figure 4.23 SEM micrographs of fractured samples of alloy IV: (a) the interdendritic 
crack; note: slip marks at the interior of β-Ti (b) the sheared intermetallic agglomerate 
(black arrows indicate the deformation band) (c) the fracture surface, (d) details of the 
fracture surface revealing dimples. 
 
Thus, the deformation of the current alloys depends on the volume fraction and 
distribution of the intermetallic phases as well as the local segregation. The single        
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β-phase alloy (alloy V) deforms by slip and exhibits the highest tensile ductility. 
Surrounding of the β-phase by a continuous network of the intermetallic phases (alloy 
III) leads to crack instabilities in these regions and the samples rupture at the onset of 
yielding. Reduction of the intermetallic phases volume fraction as in alloy IV is beneficial 
for plastic deformation of multiphase alloys. However, the interdendritic crack formation 





The high strength Ti-V-Ni-Cu-Al alloys were developed based on the Ti-Nb-Cu-Ni-Al 
alloys. The microstructure of the Ti-V-Cu-Ni-Al alloys is composed of the dendritic β-Ti 
phase and a minor amount of the interdendritic compounds (Ti2Cu and TiNi). The 
intermetallics volume fraction in the Ti-V-Cu-Ni-Al alloys is lower in comparison with the 
parent alloys. It was found that the size and the volume fraction of dendrites increase 
with reduction of the Cu + Ni content from alloy III to alloy V. It seems that Cu and Ni 
cause the grain refinement by the mechanism similar to the boron refinement [16].  
The studied alloys show a significant improvement of specific strength due to the 
increase of their strength and the decrease of their density when compared with the 
parent alloys. It was found that the microhardness of β-Ti increases from alloy V to 
alloy III what is due to the increase of the solute element concentration in this phase. 
The increase of the dendrite microhardness indicates the significant contribution of the 
solid solution strengthening of β-Ti to the strength of the composites.  
The tensile ductility of the studied alloys strongly depends on the volume fraction 
and the distribution of the intermetallic phases as well as the microsegregation. Crack 
growth and propagation instabilities in the interdendritic (intermetallic) regions cause an 
early fracture in alloy III. The segregation of Cu and Ni to the interdendritic regions 
promotes the interdendritic crack formation in alloy IV and catastrophic fracture at the 
onset of necking. The more homogeneous element distribution in alloy V does not lead 
to interdendritic crack formation. The alloy V fractures through voids coalescence after 
significant plastic deformation. These results can be used for design of new high 
strength composite structured alloys with tensile ductility. 
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The good mechanical properties of the Ti-V-Cu-Ni-Al alloys, i.e. high modulus of 
resilience and high bioperformance, make them suitable for spring and biomedical 
applications. Moreover, modulus of resilience and bioperformance of these alloys are 
more beneficial in comparison with the commercial Ti-based alloys currently used as 





4.3. Tensile/compressive fracture strength asymmetry in ultrafine-
structured Ti-Nb-Ni-Co-Al alloys 
As it was discussed in the previous chapters the novel Ti-based DNUS composites 
are particularly interesting due to both high strength and good compressive 
deformability, which they exhibit already in the as-cast state [1]. However, generally, 
structural materials undergo a non-uniform deformation in the most applications 
(e.g. implants, springs, etc.), so the compressive stresses together with tensile stresses 
are involved. Some Ti-based DNUS composites, being ductile and strong in 
compression, are brittle and low-strength (fracture before yielding) in tension, what is 
called tensile/compressive fracture strength asymmetry [3]. Since microstructural 
reasons of this asymmetry remains poorly understood, this chapter is focused on the 
phenomenon of the tensile/compressive fracture strength asymmetry in a context of 
deformation behavior of the Ti-based DNUS composites. For this purposes two bi-
modal Ti-Nb-Ni-Co-Al alloys consisting of relatively coarse β-Ti dendrites surrounded by 
an ultrafine-structured eutectic were developed. The effect of the “interdendritic 





According to the XRD patterns (Fig. 4.24) the alloys, Ti66Nb13Ni8Co6.8Al6.2 (at.%) 
(alloy VI) and Ti71.8Nb14.1Ni4Co3.4Al6.7 (at.%) (alloy VII) (at.%), consist of two phases, i.e. 
β-Ti (Im-3m) and Ti2Ni (Fd-3m).  
 
Figure 4.24 XRD patterns of the dendritic zones of alloy VI and alloy VII                   
(Mo-Kα1 radiation). 
 
The stabilization of the high temperature β-Ti phase at room temperature is due to 
alloying of beta-stabilizers (Nb, Co, and Ni) [23] and applying relatively high cooling 
rates (about 102 K/s) [57]. The lattice parameter of β-Ti is a = 0.324 ± 0.001 nm for both 
alloys. The determined value is similar to that of β-Ti (a = 0.323 ± 0.003 nm) in the 
parent Ti66Nb13Cu8Ni6.8Al6.2 alloy [4]. Both studied composites contain a big cube phase 
Ti2Ni (Fd-3m). The lattice parameter of Ti2Ni is a = 1.130 ± 0.001 nm and 
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a = 1.131 ± 0.001 nm for alloy VI and alloy VII, respectively. The details of the crystal 
structure of all phases are summarized in Table 1. Thus, one can conclude that the 
modification of the parent alloys (Ti-Nb-Ni-Cu-Al) (Section 4.1) through the substitution 
of the “interdendritic elements” results in a change of the interdendritic phases, e.g. the 
crystal structure of the intermetallic phases. 
Table 4.5 Results of XRD, SEM and EDX analyses: volume fraction, composition and 
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Alloy VII - Ti71.8Nb14.1Ni4Co3.4Al6.7 
































The homogeneity of phase distribution was analyzed by microstructure studies of top 
and bottom cross sections of each rod sample in the SEM. The longitudinal 
homogeneity was investigated by means of microstructure analysis of polished tensile 
samples. The cross section of the rods is characterized by three microstructural regions, 
i.e. near-surface, dendritic (Fig. 4.25) and dendritic with interdendritic porosity, as it was 
already observed for Ti-Nb-Cu-Ni-Al (Section 4.1) and Ti-V-Cu-Ni-Al (Section 4.2) 
75 
 
alloys. The tensile and compressive specimens were taken from the dendritic region 
only. A detailed microstructural analysis was also performed for this zone. The 
microstructure of alloy VI is composed of micrometer sized dendrites embedded in an 
ultrafine-structured eutectic matrix (Figs. 4.25 a and c). According to XRD and EDX 
analysis (Table 4.5), the dendrites are β-Ti. The two metallographic constituents are 
distinguishable in the ultrafine-structured eutectic component in alloy VI 
(Fig. 4.25 a, inset). Based on XRD data, these are assumed to be Ti2Ni and β-Ti. The 
eutectic colonies have a lamellar spacing of about 300 nm (Fig. 4.25 a, inset). The 
thickness of the eutectic component varies from 1 µm to 25 µm. The size, SDA and the 
volume fraction of the dendrites in alloy VI are about 6 ± 1 µm, 60 ± 7 µm, and 
60 ± 5 vol.%, respectively. 
 
Figure 4.25 SEM micrographs of the dendritic zones of alloy VI (a, c) and alloy VII (b, d) 
(insets: details of the ultrafine-structured interdendritic component of alloy VI and VII). 
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The microstructure of the dendritic zone in alloy VII is composed of micrometer sized 
dendrites surrounded by an ultrafine-structured eutectic network (Figs. 4.25 b and d). 
The eutectic colonies in alloy VII have a lamellar spacing of about 300 nm 
(Fig. 4.25 b, inset). The thickness of the eutectic network reaches up to 5 µm. The size, 
the secondary arm spacing and the volume fraction of the dendrites of alloy VII are 
about 8 ± 2 µm, 76 ± 17 µm, and 91 ± 2 vol.%, respectively.  
Thus, the reduction of the Co + Ni content in alloy VII with respect to alloy VI results 
in a coarsening of dendrites and an increasing of their volume fraction. It also affects the 
distribution of the interdendritic phases. The comparison of the actual alloys with the 
parent ones (Section 4.1) reveals that the substitution of Cu by Co yields in an increase 
of the volume fraction of the interdendritic phases and coarsening of the β-Ti dendrites. 
According to EDX point analysis (Table 4.5) and elemental distribution mapping 
(Fig. 4.26), β-Ti is a solid solution mainly consisting of Ti, Nb, and Al whereas Ni and Co 
are segregated to the interdendritic regions.  
 
Figure 4.26 EDX mapping (elemental distribution) of alloy VI. 
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The dendritic morphology and the particular composition of β-Ti indicates that it is the 
primary crystallized phase. Due to limited solubility of Co and Ni in β-Ti, they are driven 
out during solidification from the solidifying core of the β-Ti dendrites into the 






The composite structure of the alloys studied yields in significantly higher strength 
(Fig. 4.27) compared to that of the as-cast commercial Ti-based alloys [8,23]. For 
instance, yield strength of widely used Ti-6Al-4V alloy is only about 765 MPa in the    
as-cast state [23]. The maximum compressive strengths of alloy VI reaches 
1620 ± 50 MPa. Unexpectedly, the stress-strain curve of alloy VI “bends” twice, 
indicating “double yielding” at 1300 ± 50 MPa and 1560 ± 50 MPa (Fig. 4.27).  
 
Figure 4.27 Stress-strain curves of alloy VI (a) and alloy VI (b) under compressive 
loading at room temperature (inset: the magnified region of the stress-strain curve). 
 
This untypical behavior for DNUS Ti-based alloys is discussed below. The fracture 
strain of alloy VI is relatively high and achieves a value of 19 ± 2 % (Table 4.6). The 
compressive yield stress of alloy VII (1040 ± 50 MPa) is slightly lower compared to 
alloy VI. But due to a significant strain-hardening the maximum compressive stress of 
79 
 
this alloy reaches 1480 ± 50 MPa. Alloy VII exhibits a good compressive deformability at 
room temperature and fractures at 45 ± 5 %. 
Table 4.6 True compressive properties of the alloys at room temperature 
Alloy E (GPa)  σ0.2 (MPa) ε0.2 (%) σmax (MPa) εf (%) 
VI 105 ± 2 1300 ± 50 1.45 ± 0.05 1620 ± 50 19 ± 2 





To analyze the effect of microstructure on mechanical properties, microhardness 
mapping (Fig. 4.28) was performed.  
 
Figure 4.28 Microhardness mapping of alloy VI (a) and alloy VII (b). 
 
Due to the fact that the indentation print size is close to the size of the microstructural 
features, the measured values of hardness are always an average between two 
metallographic constituents (dendritic and eutectic components). According to the 
microhardness mapping there is a pronounced difference between the microhardness of 
the interdendritic (eutectic) and the dendritic regions for both alloys. In alloy VI, the 
microhardness of the ultrafine-structured eutectic regions (580 HV0.01) is almost two 
times higher than that of the dendritic regions (365 HV0.01). Thus, the strength of the 
eutectic component in alloy VI (using the relation σ ≈ HV/3, where σ = the yield strength 
and HV = Vickers hardness) is about 60% higher than that of the dendrites. Therefore, it 
can be assumed that the “double yielding” in alloy VI is due to the large difference in 
strength between the eutectic component and the dendrites. In other words, the first 
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“bending” of the stress-strain curve may correspond to the onset of plastic deformation 
of the soft β-Ti, and the second “bending” to that of the eutectic component. To check 
this assumption, the compressive tests of alloy VI were carried out in the SEM (see 
below). 
For alloy VII the difference of microhardness values corresponding to the eutectic 
(420 HV0.01) and dendritic components (340 HV0.01) is not as pronounced as for 
alloy VI. This is due to the decreased volume fraction of the eutectic phases and, 
therefore, the increased contribution of the dendritic microhardness to an average value 
of microhardness. In contrast to alloy VI, the compressive yield stress of alloy VII is 
mainly determined by the dominant dendritic phase due to a relative low volume fraction 
of the eutectic component. Therefore, the compressive stress-strain curve of alloy VII 




In-situ compressive deformation of alloy A in SEM 
The microstructure studies of alloy VI in the SEM during compressive deformation 
reveal the following: at the onset of yielding the dendritic β-Ti phase starts to deform by 
slip whereas the eutectic component remains unfractured (Figs. 4.29 a and b).  
 
Figure 4.29 SEM micrographs of alloy VI at different compressive stresses: (a) and (b) 
at 1.30 ± 0.03 GPa, revealing the intensive deformation of the β-Ti phase during 
yielding; (c) and (d) at 1.56 ± 0.03 GPa, revealing the fracture of the intermetallics 
during second deflection of the stress-strain curve (note: loading axes for all cases are 
vertical). 
 
On progress of deformation only a few cracks are observed within the eutectic 
component before the second deviation of the stress-strain curve (Figs. 4.29 a and b). 
The intensive strain hardening between the first and the second “bendings” of the 
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stress-strain curve is due to hardening of the dendritic β-Ti phase. The second deviation 
of the stress-strain curve originates from the onset of the inelastic deformation of the 
eutectic component, which is harder than the dendritic phase. The eutectic component 
fractures in a brittle manner accompanied by numerous crack formations (Figs. 
4.29 c and d). However, the cracks are blunted and arrested by the tough dendritic 
phase (Figs. 4.29 c and d). The observed compressive deformation behavior is 





Although the alloys VI and VII are ductile under compressive loading, they exhibit a 
lack of tensile plasticity (Table 4.7). Moreover, samples of alloy VI fail before yielding 
(Fig. 4.30).  
 
Figure 4.30 Stress-strain curves of alloy VI (a) and alloy VII (b) under tensile loading at 
room temperature. 
Table 4.7 True tensile properties of the alloys at room temperature 
Alloy E (GPa) σmax (MPa) εf (%) 
VI 100 ± 2 610 ± 30 0.6 ± 0.05 
VII 86.0 ± 0.5 980 ± 30 1.35 ± 0.1 
 
The SEM analysis of samples of alloy VI tested in tension reveals numerous cracks at 
the polished side surface (Figs. 4.31 a and b). The cracks mostly originate from defects 
resulting from sample preparation and propagate through the eutectic component 
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(Fig. 4.31 a). They are effectively blunted and stopped by the β-Ti phase already at the 
interface between eutectic and dendritic components (Fig. 4.31 b). This indicates a 
good toughness of β-Ti. However, stress concentrations at a blunted crack tip promote 
the formation of a new crack (Fig. 4.31 b). The new crack deflects from the 
dendritic/eutectic interface and further propagates through the eutectic component. 
Therefore, the early fracture of alloy VI is due to crack nucleation and propagation 
instabilities in the ultrafine-structured eutectic, what is typical for ultrafine-structured 
metals [37,38].  
 
Figure 4.31 SEM micrographs of alloy VI after tensile deformation: (a) crack growth 
from a surface defect, (b) crack propagation through the eutectic (note: yellow dashed 
arrows indicate crack propagation and deflection; yellow dashed circles indicate crack 
tips blunted by β-Ti phase), (c) fracture surface, (d) details of fracture surface (yellow 
dashed circles indicate the dendrite protrusions and cavities) (note: loading axes for 
(a) and (b) are vertical). 
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The two key factors promote these instabilities: (i) the low resistivity of the eutectic 
component to crack growth (Figs. 4.31 a and b) and (ii) its continuous distribution where 
cracks freely propagate (Fig. 4.25 a). 
The fracture surface of alloy VI is perpendicular to the loading axes. This indicates 
the dominance of cleavage stress under shear stress in tensile loading. The fracture 
surface has very fine features, i.e. fine cleavage facets and some cavities/protrusions 
(Figs. 4.31 c and d). The fine cleavage features are related to the brittle fracture of the 
eutectic component. The round shaped cavities/protrusions on the fracture surface are 
results of cracks circumventing the dendrites (Figs. 4.31 b and d).  
In contrast to alloy VI, alloy VII exhibits a minor plastic deformation of about 0.5 % in 
tensile loading. The SEM analysis of tensile tested samples of alloy VII reveals 
numerous cracks at the eutectic component (Fig. 4.32 b). The crack growth and 
propagation instabilities in these regions are responsible for the catastrophic failure of 
alloy VII. However, there is over 1 % difference in fracture strain between the alloys. It is 
assumed that the reason for that is the different distribution and volume fraction of the 
eutectic componets in the alloys influencing crack propagation. This can be proven by 
the profile of the alloys fracture surface (Figs. 4.32 a and 4.33). There is a higher 
amplitude of the crack profile in alloy VII in comparison to alloy VI. This is due to a 
weaker connectedness of the eutectic network in alloy VII (which the crack strives to 
follow). Therefore, the crack in alloy VII deviates much stronger from the cleavage 
stress direction and has a longer path compared to that in alloy VI. Furthermore, some 
eutectic regions of alloy VII are disconnected. Consequently, the path of the crack goes 
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through the tough β-Ti dendrites (Figs. 4.32 c and d). This also promotes the higher 
plasticity of alloy VII compared to alloy VI. 
 
 
Figure 4.32 SEM micrographs of alloy VII after tensile deformation: (a) sample side 
after fracture, (b) crack propagation through eutectic network, (c) fracture surface, (d) 





Figure 4.33 SEM micrographs of tensile samples showing the profile of the fracture 





Two as-cast bi-modal alloys, Ti66Nb13Ni8Co6.8Al6.2 (VI) and 
Ti71.8Nb14.1Ni4Co7.4Al6.7 (VI), were developed based on the Ti-Nb-Ni-Cu-Al alloys to 
study the compressive/tensile fracture strength asymmetry phenomenon. The alloys 
consist of two metallographic constituents, i.e. β-Ti dendrites and an ultrafine-structured 
eutectic. The volume fraction of the β-Ti dendrites is 60 ± 5 vol.% in alloy VI and 
91 ± 2 vol.% in alloy VII. The remaining volume fraction is adapted for the interdendritic 
eutectic component consisting of Ti2Ni and β-Ti. 
The studied alloys exhibit high compressive strength (e.g. 1620 ± 50 MPa for 
alloy VI) and good compressive deformability (45 ± 5 % of strain for alloy VII) in the as-
cast state. In contrast to this, the alloys are brittle and low-strength (e.g. 610 ± 30 MPa 
for alloy VI) in tensile loading. The tensile brittleness is associated with the crack 
nucleation and propagation instabilities in the ultrafine-structured eutectic. The two key 
factors promoting these: (i) the low resistivity of the eutectic component to crack growth 
and (ii) its continuous distribution where cracks freely propagate. It was found that 
weaker connectedness of the eutectic network in alloy VII compared to alloy VI 
promotes higher deviation of the crack from the cleavage stress direction and, therefore, 
a better plasticity. Thus, tensile ductility of the bi-modal Ti-based DNUS alloys can be 
improved through the adjustment of the eutectic component distribution, in particular, by 




4.4. Effect of composition on microstructure and mechanical 
properties in Ti-Nb-Ni(Co)-Al alloys 
The focus of this chapter is to show the effect of Co and Ni on the microstructure 
and the mechanical properties of the new Ti-Nb-Ni(Co)-Al alloys. For this purposes two 
alloys, namely Ti71.8Nb14.1Co7.4Al6.7 (at.%) and Ti71.8Nb14.1Ni7.4Al6.7 (at.%), were 
developed. It was found that the studied alloys exhibit similar compressive strength and 
deformability, but show a significant difference in their tensile plasticity. To understand 
the observed difference in tensile plasticity and to study the effect of the microstructure 
on the deformation behavior, tensile tests were carried out in the scanning electron 
microscope. It was found that the distribution as well as the type of the interdendritic 




According to the diffractograms (Figs. 4.34 b, d) the alloys consist of a β-Ti phase 
and a minor amount of intermetallic phases, i.e. Ti2Ni and TiCo, in 
Ti71.8Nb14.1Ni7.4Al6.7 (at.%) (alloy VIII) and Ti71.8Nb14.1Co7.4Al6.7 (at.%) (alloy IX), 
respectively.  
 
Figure 4.34 SEM micrographs of (a) alloy VIII (insert: details of the interdendritic 
compounds) and (c) alloy IX (insert: details of the interdendritic compounds) together 
with XRD diffractograms (Mo-Kα1 radiation) of (b) alloy VIII and (d) alloy IX (Note: the 
observed halo effects are due to logarithmic scale of the intensity which was chosen for 
a better view of peaks). 
 
The lattice parameter of the TiCo cubic phase, which is a representative of the          
Pm-3m space group, is a = 0.3002 ± 0.0001 nm. The Ti2Ni phase is a big cubic phase 
with the lattice parameter a = 1.1338 ± 0.0001 nm. It belongs to the Fd-3m space group. 
92 
 
The same Ti2Ni phase was observed in the Ti-Nb-Ni-Co-Al alloys (Section 4.1). The 
lattice parameters of the β-Ti phases (representatives of Im-3m space group) are 
a = 0.3248 ± 0.0001 nm and a = 0.3243 ± 0.0001 nm for alloy VIII and alloy IX, 
respectively. The values of the lattice parameters of the β-Ti phase in the alloys are 
similar to that of the parent alloy [4] as well as reported Ti-Nb-Ni-Co-Al alloys in the 
previous chapter. This is probably due to the similar concentration of solute elements in 
the β-Ti phases of these alloys (Table 4.8). The stabilization of the β-Ti phases at room 
temperature is caused by both the relatively high cooling rates (about 102 K/s) [57] and 
β-stabilizing elements (Nb, Co and Ni) [23]. The morphology and volume fraction of 
phases were studied by SEM; chemical composition of phases were analyzed by 
Energy-dispersive X-ray (EDX) detector integrated in the SEM. 
 
Table 4.8 Results of EDX analyses, volume fraction and lattice parameters of different 
phases of alloy VIII and alloy IX 
Phase 
(space group) 
Average composition Volume 
fraction (%) 
Lattice parameter (nm) 






















 11 ± 1 a = 1.1328 ± 0.0001 









 96 ± 0.5 a = 0.3243 ± 0.0001 
TiCo 
(Pm-3m) 
undetected 4 ± 0.5 a = 0.3002 ± 0.0001 
 
SEM analysis of top and bottom cross sections together with longitudinal sections of 
the rods reveals the homogeneous phase distribution throughout the rods. The 
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interdendritic porosity is observed in the central region of the cross sections along the 
longitudinal axe of the rods. The regions free of an interdendritic porosity were studied. 
SEM studies confirm the presence of two significant metallographic constituents in each 
alloy (Figs. 4.34 a and c), i.e. the dendritic β-Ti phase and interdendritic intermetallic 
phases. According to EDX mapping analysis Ni and Co are mostly found in the 
interdendritic regions (not shown here). It is assumed that Ni and Co segregated during 
solidification. The interdendritic region of alloy VIII consists of the Ti2Ni with minor 
volume fraction of an unidentified dark phase (Fig. 4.34 a). The composition of the 
Ti2Ni phase detected by EDX point analysis (Table 1) is in agreement with the XRD 
results. The interdendritic region of alloy IX consists of the TiCo phase and a minor 
volume fraction of another unidentified dark phase (Fig. 4.34 c). The composition of the 
TiCo phase was not identified because the size of crystals is smaller than the analyzed 
region in EDX point analysis. It is found that the dendrites are highly enriched in solute 
elements (Nb, Ni, Co and Al) (Table 4.8) causing the shift of the β-Ti phase lattice 
parameter when compared with the value a0 = 0.3282 nm for pure β-Ti at 25 °C (as 
obtained by extrapolation) [22]. The dendrites average diameter are about 65 ± 7 µm 
and 86 ± 9 µm in alloy VIII and alloy IX, respectively. The secondary arm spacing of the 
dendrites is about 11 ± 1 µm in alloy VIII, while in alloy IX it is about 9 ± 1 µm. Alloy VIII 
contains 11 ± 1 vol.% of the intermetallic phases, which forms a near-continuously 
structured network. Due to the lower volume fraction of the intermetallics in alloy IX 





The high strength is usually attributed to this composite microstructure in the          
Ti-based alloys [2]. Both alloys (VIII and IX) exhibit high (about 1000 MPa) compressive 
yield strength and significant compressive ultimate strength (about 1500 MPa) already 
in the as-cast state (Fig. 4.35). Moreover, the compressive ductility of alloy VIII reaches 
about 35 ± 4% while in alloy IX it is over 40%.  
 
Figure 4.35 Stress-strain curves of the alloy IX (a) and alloy VIII (b) under compressive 
and tensile loading at room temperature. 
 
The high compressive ductility is determined by the ductile bcc β-Ti phase in both 
alloys. The compressive properties are quite typical for the Ti-based DNUS composites 
with a high volume fraction of β-Ti phase [2]. In contrast to the similar compressive 
properties, the alloys exhibit different tensile properties (Fig. 4.35). In particular, 
alloy VIII fractures at the onset of plastic deformation while alloy IX deforms plastically 
up to 5.7 ± 0.5 % strain (Table 4.9). The ultimate tensile strength of alloy IX with a value 
of 1120 ± 60 MPa exceeds that of Ti71.8Nb14.1Cu4Ni3.4Al6.7 (Section 4.1) and 
Ti71.8V14.1Cu4Ni3.4Al6.7 (Section 4.1) (Table 4.9). Alloy IX can be classified as a high 
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strength Ti-based alloy according to the classification of commercial Ti-based alloys by 
strength [22]. It should be noted that the most of the commercial high strength Ti-based 
alloys are subjected to thermo-mechanical treatments [23] while alloy IX exhibits good 
tensile properties already in its as-cast state. 
 
Table 4.9 Tensile and compressive properties of alloy VIII and alloy IX at room 
temperature. 









Alloy VIII (compression) 81 ± 0.7 1000 ± 35 1.35 ± 0.05 1550 ± 70 35 ± 4 
Alloy IX (compression) 94 ± 0.9 1030 ± 40 1.3 ± 0.05 1520 ± 65 >40 
Alloy VIII (tension) 76.9 ± 1.6 960 ± 25 1.3 ± 0.05 960 ± 30 1.4 ± 0.1 
Alloy IX (tension) 91.1 ± 1.4 1040 ± 40 1.35 ± 0.05 1120 ± 60 5.7 ± 0.5 
 
The tensile properties of alloy IX is similar to those of some recently developed      
Ti-based metallic glass composites [62]. However, these require higher cooling rates 
and contain harmful Be. To evaluate tensile deformation micromechanisms, the tensile 
tests were carried out in the SEM allowing in-situ microstructural analysis in the strained 
states. The experiment was performed twice for each composition. Alloy VIII failed at 
the yield stress; therefore, it was not possible to observe its plastic deformation. The 
side surface of the tested samples was studied by SEM. Cracks were observed within 
the interdendritic compounds indicating brittleness (Fig. 4.36 a). Therefore, it is 
assumed that fracture of alloy VIII occurred due to brittle crack nucleation and 
propagation instabilities. The fracture analysis discovers transcrystalline rupture in alloy 
VIII (Fig. 4.36 b). The size of marked fracture features (Fig. 4.36 b) coincidences with 
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the size of dendrites. Therefore, one can conclude, that fracture crack propagated 
interdendritically through the intermetallic phases. 
 
Figure 4.36 SEM micrographs of alloys after deformation: (a) side and (b) fracture 
surface of alloy VIII (note numerous cracks), (c) side and (d) fracture surface of alloy IX 
(black arrows indicate cleavage facets). 
 
The analysis of microstructure of alloy IX during tensile deformation reveals crack 
formation in the interdendritic compounds (Fig. 4.36 c). However, the cracks are blunted 
and become arrested by the tough β-Ti phase (Fig. 4.36 c). The failure occurs due to 
localization of deformation (necking). Interestingly, the fracture analysis of alloy IX 
discloses a mixture of ductile (dimples) together with some brittle (quasi-cleavage 
facets) features (Fig. 4.36 d). Obviously, dimples are a result of ductile rupture of the    
β-Ti phase due to coalescence of voids. The size of quasi-cleavage facets coincidences 
with the size of dendrites, giving to assume, that facets form due to separation of some 
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dendrites along slip planes. This separation might be induced by cracks in the 
intermetallic compounds. 
The different tensile deformation behavior of these alloys is due to the volume 
fraction and distribution of the interdendritic phases. The interdendritic phases in 
alloy VIII are near-continuously distributed along the β-Ti phase unlike in alloy IX. 
Therefore, the cracks easily propagate in alloy VIII following the brittle interdendritic 
compounds network while the cracks in the intermetallic agglomerates of alloy IX are 
effectively blunted and arrested by the β-Ti phase. However, the distribution is not the 
only key factor determining the tensile ductility. The volume fraction and distribution of 
the interdendritic compounds in the Ti68.8Nb13.6Cu6Ni5.1Al6.5 alloy (Section 4.1) and alloy 
VIII is the same. But, in contrast to alloy VIII, the Ti68.8Nb13.6Cu6Ni5.1Al6.5 alloy exhibits 
the pronounced tensile plasticity, because the interdendritic phases (basically, it is 
Ti2Cu (I4/mmm) in this alloy deforms by a slip-like mechanism followed by crack 
formation, but the cracks are effectively arrested by the β-Ti phase (Section 4.1). It 





In summary, Ti71.8Nb14.1Ni7.4Al6.7 (alloy VIII) and Ti71.8Nb14.1Co7.4Al6.7 (alloy IX) consist 
of two significant metallographic constituents, i.e. dendritic (β-Ti) and interdendritic 
(ultrafine-structured intermetallic phases). The type of “interdendritic elements” (Ni and 
Co) affects the volume fraction and the crystal structure of the interdenritic phases. In 
particular, there are about 11 vol.% and 4 vol.% of interdendritic phases in alloy VIII and 
alloy IX, respectively. Moreover, the interdendritic component of alloy VIII and alloy IX 
mainly consists of Ti2Ni (Fd-3m) and TiCo (Pm-3m), respectively.  
The alloys exhibit similar compressive properties, but distinctly different tensile 
properties: in particular, alloy VIII fractures at yield stress while alloy IX deforms up to 
5.7 % under tensile loading. The effect of the microstructure on tensile behavior was 
studied by means of tensile tests in SEM. It is shown that the cracks formed in the 
interdendritic phases of alloy IX (during tensile test) are effectively blunted and arrested 
by the β-Ti phase; the cracks formed in the intermetallic phases of alloy VIII freely 
propagate through the network-arranged interdendritic component. Thus, the tensile 
fracture occurs due to crack nucleation and propagation instabilities in alloy VIII, and 
due to strain localization (necking) in alloy IX. Moreover, the type of interdendritic 
compounds affects the tensile ductility. This is shown based on comparative analyses of 
alloy VIII and the Ti68.8Nb13.6Cu6Ni5.1Al6.5 alloy – both have the similar volume fraction 
and distribution of intermetallics. In contrast to alloy VIII, the deformation of 
intermetallics (basically, it is Ti2Cu (I4/mmm) in Ti68.8Nb13.6Cu6Ni5.1Al6.5 is not 
accompanied by brittle crack nucleation and propagation instabilities, what results in 
better tensile ductility of Ti68.8Nb13.6Cu6Ni5.1Al6.5.  
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Thus, the similar compressive plasticity in the alloys is determined by the ductile     
β-Ti phase, which has similar sizes and lattice parameters. The different tensile ductility 




4.5. Significant tensile ductility and toughness in an ultrafine-
structured Ti68.8Nb13.6Co6Cu5.1Al6.5 bi-modal alloy 
In this section it is reported about microstructure and mechanical properties of a new 
high-strength Ti68.8Nb13.6Co6Cu5.1Al6.5 alloy with a significant tensile ductility. The value 
of static toughness of the studied alloy exceeds that of the most recently developed    
Ti-based metallic glass composites. The alloy consists of an ultrafine-structured eutectic 
(B2 TiCo + bcc β-Ti) and micrometer-sized bcc β-Ti dendrites. The microstructure 
alteration upon tensile loading was studied in-situ by means of scanning electron 
microscopy. It is found that the ultrafine-structured eutectic exhibits a “slip”-like 
deformation behavior to accommodate the intensive plastic deformation of dendrites. 
A detailed study of the microstructure by means of transmission electron microscopy 
revealed that this is due to orientation relationship of the eutectic phases and the         




The XRD pattern obtained from the cross-section of the as-cast 
Ti68.8Nb13.6Co6Cu5.1Al6.5 alloy is presented in the inset of Fig. 4.37 a.  
 
Figure 4.37 Microstructure of the Ti68.8Nb13.6Co6Cu5.1Al6.5 alloy: (a) SEM backscattered 
electron image of the dendritic zone (inset: XRD pattern), (b) SEM backscattered 
electron image of the near-surface zone, (c) details of the ultrafine-structured eutectic in 




Ti68.8Nb13.6Co6Cu5.1Al6.5 is a two-phase alloy consisting of a predominant bcc β-Ti 
(space group Im-3m) phase and a minor B2 TiCo (space group Pm-3m) phase. The 
lattice parameter of the β-Ti phase is a0 = 0.3235 ± 0.0001 nm, which is lower than the 
value a0 = 0.3282 nm for pure β-Ti at 25°C (as obtained by extrapolation) [22]. This can 
indicate that the β-Ti phase is a solid solution. The stabilization of β-Ti at room 
temperature was due to a sufficient amount of β-stabilizers (Nb, Co) [23] and high 
cooling rates (about 102 K/s) during casting [57]. The lattice parameter of the B2 TiCo 
phase is a1 = 0.3043 ± 0.0001 nm.  
To reveal the homogeneity of the microstructure throughout the entire length, 
bottom, middle and top parts of the as-cast rods were studied by scanning electron 
microscopy. Three microstructural zones were identified on the cross sections of the 
rods: a dendritic zone (Figs. 4.37 a), a surface-near zone (Figs. 4.37 b), and a central 
dendritic zone with interdendritic porosity (not shown here).  
The surface-near zone consists of columnar grains and forms a ring along the outer 
surface with a typical width of 750 ± 250 µm (Figs. 4.37 b). It abuts to the pore-free 
dendritic zone forming a ring of 4 ± 0.5 mm (Figs. 4.37 a). The region close to the rod 
axis is occupied by the central dendritic zone with interdendritic porosity. To avoid 
negative porosity effects on the mechanical properties, the tensile specimens were 
taken from the intermediate region, which has dendritic morphology and is defect-free. 
The microstructure of this zone was analyzed in detail. 
The microstructure of the dendritic zone of the Ti68.8Nb13.6Co6Cu5.1Al6.5 alloy consists 
of β-Ti dendrites surrounded by an ultrafine-structured eutectic network (Fig. 4.37 c). 
The volume fraction of the β-Ti dendrites is 92 ± 2 vol.%. The dendrite cell size and arm 
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spacing deduced from SEM images is 58 ± 7 µm and 7 ± 1 µm, respectively. The 
elemental distribution is shown in Fig. 4.37 d. Distinct microsegregation is observed, 
namely, Cu and Co are segregated to the dendritic periphery. The average composition 
of the dendrites is Ti68.2Nb18.9Co3.1Cu2.4Al7.4, which confirms that the β-Ti phase is a 
solid solution. Therefore, the observed shift of the lattice parameter can be explained by 
the large amount of dissolved elements in the β-Ti phase. 
Transmission electron microscopy investigations were carried out on the ultrafine-
structured eutectic to identify the constituent phases and determine the elemental 
distribution. It was found that the eutectic structure consists of two phases arranged in 
lamellas of 200 ± 50 nm thickness (Fig. 4.38). The eutectic component which appears 
dark when using the BF-STEM mode (Fig. 2) was identified with the B2 TiCo phase by 
selected area electron diffraction (SAED) patterns and, it is embedded into the bcc β-Ti 
phase (appearing bright using the BF-STEM mode). SAED revealed that both eutectic 
phases exhibit the same crystallographic orientation throughout the entire eutectic 
region. In addition, the B2 and β components maintain a specific orientation relationship 
with respect to each other as demonstrated by the SAED patterns in Fig. 4.38 a: the 
relative orientation of B2 and β inside the eutectic is such that the unit cell axes of both 
lattices lie parallel to each other, i.e. <100>β//<100>B2. The same orientation relationship 
is found for the B2 component and one of the β-dendrites neighbouring the eutectic 
(Fig. 4.38 b), but it is broken for all other dendrites (as demonstrated by Fig. 4.38 c). We 
point out here that the lower left and lower right parts of the BF-STEM image in 
Fig. 4.38 belong to the same dendrite. For the eutectic region shown, it is this dendrite 
that maintains the described orientation relationship of <100>β//<100>B2 with the 
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eutectic B2. Having a closer look at the eutectic region, it shows that large parts of the 
eutectic β component are directly connected to the same β-dendrite. Hence, it can be 
assumed that the eutectic region shown started forming from this dendrite thereby 
inheriting its crystallographic orientation. As will be shown later this arrangement of 
relationship orientations significantly influences the deformation behavior of the present 
alloy.  
 
Figure 4.38 BF-STEM image of a eutectic region together with SAEDs: 
(a) B2 TiCo + eutectic β-Ti region revealing the same orientation of the crystals, 
(b) B2 TiCo + dendritic β-Ti region revealing the same orientation of the crystals and 
(c) B2 TiCo + dendritic β-Ti region revealing different orientation of the crystals. 
 
The elemental distribution within the eutectic was investigated by EDX coupled to 
TEM (Fig. 4.39). It was found that the eutectic β component contains more Ti, Co and 
Cu but less Nb and Al than the β-dendrites, by contrast, the eutectic B2 component is 
almost entirely formed by Ti, Co and Cu without detectable amounts of Nb. 
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Estimates for the chemical compositions were obtained by averaging at least 30 
EDX point scans of each component giving values of Ti77Nb5Co6Cu6Al6 (at.%) for the 
eutectic β and Ti48Co29Cu21Al2 (at.%) for the eutectic B2 component. Since the typical 
sizes of the B2 and the β components are similar compared to the specimen thickness 
(i.e. about 100 nm) inhomogeneities across the specimen thickness may occur.         
The X-ray signal recorded by the EDX detector represents an integration of all rays 
emitted across the entire specimen thickness and hence the given values are rough 
estimates for the true chemical composition; nevertheless, they allow assessment of 
tendencies. 
 
Figure 4.39 BF-STEM image of the same eutectic region as in Fig. 2 and the elemental 
distributions inside the eutectic (Note: The investigated region is marked by a 
rectangle). 
The compositional differences between the β phase inside the eutectic and in the 
dendrites indicate that during solidification of the primary dendrites the melt became 
enriched in Ti, Co and Cu. In the case of B2 component, the ratio of Ti atoms to the sum 
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of Co and Cu atoms gives approximately 1, hence a B2-type chemical ordering with 
Ti atoms occupying one primitive cubic sublattice and a random distribution of Co and 
Cu atoms on the other primitive cubic sublattice can be realized. 
Based on the microstructural investigations presented above the potential 
solidification process can be schematically illustrated, as shown in Fig. 4.40.  
 
Figure 4.40 Schematic illustration of the solidification of Ti68.8Nb13.6Co6Cu5.1Al6.5 during 
Cu-mold casting (liquidus temperature Tl, temperature of eutectic solidification Teu). 
 
The primary phase, which precipitates from the melt, is a bcc β-Ti phase with high 
contents of Nb and Al, and low contents of Co and Cu, relative to the melt. So the 
remaining melt will be continuously enriched in Co and Cu as the cooling proceeds. 
Nb is a substitutional alloying element in titanium [23] and exhibits continuous solubility 
in bcc β-Ti, therefore, it is almost completely dissolved in the primary β-solid solution. 
With progressing cooling the remaining melt solidifies into an ultrafine-structured 





We present the attractive tensile properties (firstly achieved in the Ti-based DNUS 
composites) together with detailed in-situ investigation of deformation behavior to be 
discussed in the next section. A typical tensile stress-strain curve is shown in Fig. 4.41.  
 
Figure 4.41 Stress-strain curves of Ti68.8Nb13.6Co6Cu5.1Al6.5 at room temperature.  






), where σ is the true stress and ε 
is the true strain, is plotted against strain in the inset. 
 
The Ti68.8Nb13.6Co6Cu5.1Al6.5 alloy exhibits an impressive tensile elongation of 
13.5 ± 0.5 % together with high maximum strength of 1265 ± 40 MPa. The values of the 















90.0 ± 0.5 1130 ± 40 1.48 ± 0.05 1265 ± 40 13.5 ± 0.5 
 
In contrast to the high tensile elongation of the alloys, the uniform deformation is 
relatively low. To demonstrate this, the strain hardening rate is plotted in the inset of 
Fig. 4.41. According to Considère’s instability criterion (the necking sets at the strain 
hardening rate equal to 1) [63], the onset of necking (inhomogeneous deformation) 
starts at about 4 % of strain. This suggests that the tensile failure was preceded by 
strain localization. 
The static toughness value of the studied alloy is superior when compared with 
those of the recently developed Ti-based DNUS and Ti-based metallic glass composites 
(Fig. 4.42). The static toughness represents the ability of material to absorb energy up 
to failure or, in other words, the resistance of a material to fracture [33]. This requires a 
balance of strength and ductility. Therefore, the newly developed alloy has a higher 
resistance to fracture and superior balance of strength and ductility than most of 
recently developed Ti-based DNUS and Ti-based metallic glass composites. The high 
strength Ti68.8Nb13.6Co6Cu5.1Al6.5 alloy, if assessed using a classification by strength 
[22], exhibits a relatively low Young’s modulus when compared with most high strength 
commercial Ti-based alloys [23]. The balanced combination of high strength and 






Figure 4.42 Static toughness plotted against total tensile strain for some Ti-based 
DNUS, Ti-based metallic glass composites and β-Ti alloys [20,61,62,65,66] (round 
symbols – Ti-based DNUS and β-Ti alloys, square symbols – Ti-based metallic glass 
composites). Note: the static toughness is calculated as a multiplication of values of 
yield strength and total elongation; this approach was used because the values of yield 
strength and total elongation are usually available in literature, rather than the values of 
static toughness. The estimation is not precise, but, nevertheless, this approach gives a 




Deformation and fracture 
To understand the impressive tensile plasticity of the Ti68.8Nb13.6Co6Cu5.1Al6.5 alloy, 
a detailed study of its deformation behavior was performed by means of in-situ 
observation of tensile samples in the SEM. Fig. 4.43 represents the general change of 
the shape of the tensile samples.  
 
Figure 4.43 Room temperature tensile stress–strain curve and SEM micrographs of the 
sample surface corresponding to different strain states (note: arrows indicate necking 
region) 
 
The results demonstrate that the deformation can be divided in “typical” five stages 
(Fig. 4.43): (1) deformation in the elastic regime (between points a and c in Fig. 4.43), 
(2) yielding (between points c and d in Fig. 4.43), (3) homogeneous deformation in the 
plastic regime (between points d and e in Fig. 4.43), (4) inhomogeneous deformation in 
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the plastic regime (necking) (between points e and f in Fig. 4.43) and (5) fracture. The 
first stage (between points a and c in Fig. 4.43) is characterized by a homogeneous 
shape change which is governed by stretching of the atomic bonds. At this stage the 
deformation is reversible and purely elastic, i.e. can be described by Hooke’s law. 
At the strain state corresponding to the point “c” on the stress-strain curve the 
resolved shear stresses in favorably oriented dendrites reach critical values resulting in 
the appearance of first single slip bands (Fig. 4.44 a).  
 
Figure 4.44 SEM micrographs of the strained sample of the Ti68.8Nb13.6Co6Cu5.1Al6.5 
alloy corresponding to different strain states on the stress-strain curve in Fig. 4.43: (a) 
corresponds to the point “c” (note: slip bands are marked by arrows), (b) corresponds to 
the point “d”, (c) corresponds to the point “e”, (d) corresponds to the point “g” (note: 
arrows indicate grain boundaries) 
This in turn promotes the onset of bending of the flow curve (Fig. 4.43). The observed 
slip bands in the β-Ti dendrites have a wavy shape, which is typical for bcc metals [59]. 
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This happens due to the fact that slip occurs on several planes but always in the closed-
packed direction, which is common to each of these planes, and dislocations can readily 
move from one type of slip plane to another giving rise to the irregular wavy slip bands 
[59]. As the deformation progresses, the number of slip bands in the β-Ti dendrites 
rapidly increases (Fig. 4.44). Due to interactions of slip bands with grain boundaries the 
surface of the sample acquires hilly features (Fig. 4.44 c and d). Some slip bands do not 
stop at the dendrite/eutectic interface, but penetrate the ultrafine-structured eutectic 
agglomerates (Fig. 4.44 c, inset).  As the TEM analysis showed, the eutectic consists of 
β-Ti and B2 TiCo which have their unit cell axes oriented parallel to each other, 
i.e. <100>β//<100>B2 (Fig. 4.38). This orientation relationship is still maintained by 
the B2 phase and one of the adjoining β-dendrites. Moreover, the lattice parameter 
values of bcc β-Ti and B2 TiCo are close. Therefore, upon deformation gliding 
dislocations can easily continue their passage across the eutectic/dendritic interface 
without the need to change the slip plane and thus shear the eutectic agglomerates. 
The possible mechanism of such slip-to-shear transformation is following: the intensive 
slip deformation induces dislocation pile-ups at the eutectic/dendritic interface, which 
leads to stress concentrations and thus transmission of slip across the interface into 
eutectic as was reported by Sun et al. [20] for Ti60Cu14Ni12Sn4Nb10. With further 
deformation of Ti68.8Nb13.6Co6Cu5.1Al6.5 the eutectic agglomerates accommodate plastic 
deformation of the β-Ti dendrites up to certain extent through a “slip”-like deformation 
behavior (Fig. 4.45). But then cracks start to form along the deformation bands within 
the eutectic structures (Fig. 4.45 c). However, the propagation of cracks is effectively 
suppressed by the β-Ti dendrites, which typically exhibit high toughness as it was 
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observed for a number of the Ti-based DNUS composites (Section 4.1 and 4.4). After 
achieving the ultimate strength at the point “e” the strain starts to localize 
disproportionally in a small region (Fig. 4.43) and plastic deformation becomes 
inhomogeneous, i.e. necking sets in. The cracks formed within eutectic structures 
transforms into voids, which merge together causing rapture (Fig. 4.46). 
 
 
Figure 4.45 SEM micrographs of the strained sample of Ti68.8Nb13.6Co6Cu5.1Al6.5: 
(a) deformed dendritic β-Ti phase with the deformed eutectic structure, (b-d) details of 




Figure 4.46 SEM micrographs of the (a) fracture surface and (b) details of the fracture 





In summary, a new high-strength Ti-based DNUS alloy (Ti68.8Nb13.6Co6Cu5.1Al6.5 (at.%) 
with a significant tensile ductility was developed. The microstructure of 
Ti68.8Nb13.6Co6Cu5.1Al6.5 consists of an ultrafine-structured eutectic network surrounding 
micrometer-sized bcc β-Ti dendrites. The high level of tensile plasticity (14 %), which is 
achieved for the first time in the Ti-based DNUS composites, is partially attributed to the 
observed orientation relationships between the eutectic components and the 
neighbouring dendrites. According to SAED patterns, the eutectic structure consists of 
B2 TiCo and bcc β-Ti, in which the B2-component is oriented relative to the                  
β-component such that <100>B2//<100>β. This orientation relationship is maintained with 
one of the dendrites adjoining the eutectic but not with the other dendrites. As a result, 
glide activated dislocations in the dendrite having the same orientation as the eutectic 
can easily shear the eutectic phases. In contrast, when the dendrite is rotated against 
the eutectic thus exhibiting a different crystallographic orientation, the dendrite-eutectic 
interface blocks the passage of dislocations. Furthermore, it was found, that the soft    
β-Ti dendrites deform by dislocation slip. Some slip bands penetrate the eutectic 
agglomerates, which then in turn exhibit a “slip”-like deformation behavior to 
accommodate plastic deformation of the β-Ti dendrites. At some extent of strain, cracks 
form along deformation bands within the eutectic structures. But they become blunted 
and stopped by the tough dendritic β-Ti phase. So the tensile failure is ductile and 





A number of new composite structured Ti-based alloys exhibiting high strength and 
tensile plasticity (Fig. 5.1) was developed.  
 
Figure 5.1 Stress-strain curves of the studied alloys at room temperature 
Their microstructure is composed of two metallographic constituents including β-Ti 
dendrites and interdendritic component. There are three types of the interdendritic 
constituents: an ultrafine-structured eutectic (like in Ti68.8Nb13.6Co6Cu5.1Al6.5 (at.%), 
micrometer-sized intermetallics (like in Ti68.8Nb13.6Cu6Ni5.1Al6.5 (at.%) and combination of 
thereof (like in Ti68.8V13.6Cu6Ni5.1Al6.5 (at.%). According to the detailed microstructural 
studies the following possible solidification mechanism was proposed: upon 
solidification the primary dendritic β-Ti phase enriches in, so-called, “dendritic elements” 
(e.g. Nb and V) whereas the remaining melt continuously enriches in, so-called, 
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“interdendritic elements” (e.g. Co, Cu and Ni) and solidifies into an ultrafine-structured 
eutectic or intermetallic compounds or a combination of thereof depending on a 
composition.  
It was shown that the higher concentration of the “interdendritic elements” in an alloy 
composition within one alloy system corresponds to a higher volume fraction of the 
interdendritic phases. Therefore, the volume fraction and the distribution of the 
interdendritic phases can be controlled through the adjustment of the “interdendritic 
elements” concentration. This allowed enhancing tensile ductility of the alloys without 
considerable reduction in their yield strength. In particular, tensile ductility of the new 
Ti71.8Nb14.1Al6.7Cu4Ni3.4 (at.%) alloy was improved up to 14 % while the parent 
Ti66Nb13Cu8Ni6.8Al6.2 (at.%) alloy is brittle in tension.  
It was shown that the substitution of the “interdendritic elements” affects the crystal 
structure of the interdendritic phases. In particular, substitution of Ni by Co in 
Ti68.8Nb13.6Cu6Ni5.1Al6.5 (at.%) yielded in a formation of the B2 TiCo phase in 
Ti68.8Nb13.6Co6Cu5.1Al6.5 (at.%) instead of the tetragonal Ti2Cu phase as the main 
interderdendritic phase. This microstructural changes led to a considerable increase of 
tensile plasticity in Ti68.8Nb13.6Co6Cu5.1Al6.5 compared to the parent alloy. The high 
tensile plasticity of Ti68.8Nb13.6Co6Cu5.1Al6.5 was partially related with the observed cube-
on-cube orientation relationships between the interdendritic component and one of the 
neighboring dendrites. As a result, glide activated dislocations in the dendrites having 
the same orientation as the interdendritic component could easily shear the eutectic 
phases, which then, in turn, exhibited a “slip”-like deformation behavior to accommodate 
plastic deformation of the β-Ti dendrites.  
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It was shown that the specific strength of the new Ti-Nb-Cu-Ni-Al alloys can be 
increased through the “dendritic elements” substitution. In particular, the Ti-Nb-Cu-Ni-Al 
alloys were modified through the substitution of Nb by lighter V. As a result, the density 
of the new Ti68.8V13.6Cu6Ni5.1Al6.5 (at.%) alloy was reduced to 4.92 g/cm
3 while for the 
parent Ti68.8Nb13.6Cu6Ni5.1Al6.5 (at.%) alloy it is 5.29 g/cm
3. This modification yielded in 
15 % increase of specific strength for Ti68.8V13.6Cu6Ni5.1Al6.5 while the same tensile 
plasticity of 4.5 % as observed for Ti68.8Nb13.6Cu6Ni5.1Al6.5 was retained. Additionally, it 
was found that moduli of resilience of the newly developed Ti-V-Ni-Cu-Al alloys are 
superior when compared with those of the commercial Ti-based spring materials. 
Thus, the empirical approach for the development of new as-cast Ti-based DNUS 
composites with improved mechanical properties consists of the optimization of the 
“interdendritic elements” and the “dendritic elements”. The modification of the 
concentration and the type of the “interdendritic elements” affects distribution, volume 
fraction as well as crystal structure of the interdendritic phases. Moreover, these 
microstructural parameters were shown to strongly affect tensile plasticity of the alloys. 
The modification of the type of the “interdendritic elements” was effective in an 
improvement of the specific strength values. According to the comparison of some 
mechanical property values of the new Ti-based alloys with those of the commercial 






The following aspects of the Ti-based DNUS composites could be further 
investigated, including: 
1. study the effect of casting conditions on phase formation and microstructure of 
these composites in order to obtain larger samples; 
2. study the effect of new “interdendritic” (e.g. Fe, Cr) and “dendritic” (e.g. Ta) 
elements on microstructure of the Ti-based DNUS composites; 
3. investigate the influence of minor B additions to refine the microstructure and, 
therefore, to improve strength of the alloys; 
4. apply thermo-mechanical treatments to brake interconnected network in some  
Ti-based DNUS composites to improve their plasticity;  
5. reduce the concentration of harmful for human body elements (e.g. Al, Ni, etc.) to 
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